TECHNICAL  REPORT 


Defense  Threat  Reduction  Agency 
8725  John  J.  Kingman  Road,  MS 
6201  Fort  Belvoir,  VA  22060-6201 


DTRA-TR-13-7 


Control  of  Grain  Boundaries  and 
Defects  in  Nano-Engineered  Transparent 
Scintillator  Ceramics 


Approved  for  public  release;  distribution  is  unlimited. 


March  2013 


HDTRA1 -07-1 -0009 

R.S.  Feigelson  et  al. 

Prepared  by: 

Geballe  Laboratory  for 
Advanced  Materials 
476  Lomita  Mall 
Stanford  University 
Stanford,  CA  94305 


DESTRUCTION  NOTICE 


Destroy  this  report  when  it  is  no  longer  needed. 
Do  not  return  to  sender. 


PLEASE  NOTIFY  THE  DEFENSE  THREAT  REDUCTION 

AGENCY,  ATTN:  DTRIAC/  J-3  ONIUI ,  8725  JOHN  J.  KINGMAN  ROAD, 

MS-6201,  FT  BELVOIR,  VA  22060-6201,  IF  YOUR  ADDRESS 

IS  INCORRECT,  IF  YOU  WISH  THAT  IT  BE  DELETED  FROM  THE 

DISTRIBUTION  LIST,  OR  IF  THE  ADDRESSEE  IS  NO 

LONGER  EMPLOYED  BY  YOUR  ORGANIZATION. 


16.  SECURITY  CLASSIFICATION  OF: 

17.  LIMITATION 

OF  ABSTRACT 

18.  NUMBER 
OF  PAGES 

19a.  NAME  OF  RESPONSIBLE  PERSON 

David  Petersen 

a.  REPORT 

Unclassifed 

b.  ABSTRACT 

Unclassified 

c.  THIS  PAGE 

Unclassified 

uu 

127 

19b.  TELEPHONE  NUMBER  (include  area 
code) 

703-767-3164 

Standard  Form  298  (Rev.  8-98) 

Prescribed  by  ANSI  Std.  Z39.18 


CONVERSION  TABLE 

Conversion  Factors  for  U.S.  Customary  to  metric  (SI)  units  of  measurement. 

MULTIPLY - ►  BY  - ►  TO  GET 

TO  GET  ◄ - BY  ◄ -  DIVIDE 


angstrom 

1.000  000  x  E  -10 

meters  (m) 

atmosphere  (normal) 

1.013  25  x  E  +2 

kilo  pascal  (kPa) 

bar 

1.000  000  x  E  +2 

kilo  pascal  (kPa) 

barn 

1.000  000  x  E  -28 

meter2  (m2) 

British  thermal  unit  (thermochemical) 

1.054  350  x  E  +3 

joule  (J) 

calorie  (thermochemical) 

4.184  000 

joule  (J) 

cal  (thermochemical/cm2) 

4.184  000  x  E  -2 

mega  joule /m2  (MJ/m2) 

curie 

3.700  000  x  E  +1 

*giga  bacquerel  (GBq) 

degree  (angle) 

1.745  329  x  E  -2 

radian  (rad) 

degree  Fahrenheit 

tk  =  (t°f  +  459.67) /l. 8 

degree  kelvin  (K) 

electron  volt 

1.602  19  x  E  -19 

joule  (J) 

erg 

1.000  000  x  E  -7 

joule  (J) 

erg/ second 

1.000  000  x  E  -7 

watt  (W) 

foot 

3.048  000  x  E  -1 

meter  (m) 

foot-pound- force 

1.355  818 

joule  (J) 

gallon  (U.S.  liquid) 

3.785  412  x  E  -3 

meter3  (m3) 

inch 

2.540  000  x  E  -2 

meter  (m) 

jerk 

1.000  000  X  E  +9 

joule  (J) 

joule /kilogram  (J/kg)  radiation  dose 

absorbed 

1.000  000 

Gray  (Gy) 

kilotons 

4.183 

tera joules 

kip  (1000  lbf ) 

4.448  222  x  E  +3 

newton  (N) 

kip/inch2  (ksi) 

6.894  757  x  E  +3 

kilo  pascal  (kPa) 

ktap 

1.000  000  x  E  +2 

newton- second/m2  (N-s/m2) 

micron 

1.000  000  x  E  -6 

meter  (m) 

mil 

2.540  000  x  E  -5 

meter  (m) 

mile  (international) 

1.609  344  x  E  +3 

meter  (m) 

ounce 

2.834  952  x  E  -2 

kilogram  (kg) 

pound-force  (lbs  avoirdupois) 

4.448  222 

newton  (N) 

pound- force  inch 

1.129  848  x  E  -1 

newton-meter  (N-m) 

pound- force/ inch 

1.751  268  x  E  +2 

newton/meter  (N/m) 

pound- force / foot2 

4.788  026  x  E  -2 

kilo  pascal  (kPa) 

pound- force /inch2  (psi) 

6.894  757 

kilo  pascal  (kPa) 

pound-mass  (lbm  avoirdupois) 

4.535  924  x  E  -1 

kilogram  (kg) 

pound-mass- foot2  (moment  of  inertia) 

4.214  011  x  E  -2 

kilogram-meter2  (kg-m2) 

pound-mas  s / foot3 

1.601  846  x  E  +1 

kilogram-meter3  (kg/m3) 

rad  (radiation  dose  absorbed) 

1.000  000  x  E  -2 

**Gray  (Gy) 

roentgen 

2.579  760  x  E  -4 

coulomb/ kilogram  (C/kg) 

shake 

1.000  000  x  E  -8 

second  (s) 

slug 

1.459  390  x  E  +1 

kilogram  (kg) 

torr  (mm  Hg,  0°  C) 

1.333  22  x  E  -1 

kilo  pascal  (kPa) 

*The  bacquerel  (Bq)  is  the  SI  unit  of  radioactivity;  1  Bq  =  1  event/s. 
**The  Gray  (GY)  is  the  SI  unit  of  absorbed  radiation. 


Table  of  Contents 


1.  Executive  Summary  4 

2.  Introduction  10 

3.  Technical  Approach  14 

4.  Scientific  Results  17 

4.1.  EW.Y2O3  Ceramics:  Sintering  to  High  Optical 
Transparency  and  Optimizing  Scintillation  vs. 

Grain  Size  and  Processing  Parameters  1 7 

4.2  Micro-scale  Scintillation  Characterization  Across 
Grain  Boundaries  in  Ceramic  Scintillators  55 

4.3.  Eu:(Gd,Lu]203  Transparent  Ceramic  Sintering  71 

4.4.  Ce-doped  Alkaline  Earth  and  Rare  Earth  Hafnates 

Ceramics  Sintering  and  Scintillation  Properties  77 

4.5.  Ce:Y3AhOi2  (Ce:YAG)  Ceramics:  Sintering  and  Effect 
of  Cation  Non-Stoichiometry  on  Scintillation 

in  Ce:YAG  Transparent  Ceramics  92 

4.6.  Srh  and  Eu:Srh  Ceramics:  Effect  of  Grain  Texturing 

on  Optical  Transmission  in  Translucent  Srh  and  Eu:Srh 
Ceramics  and  Scintillation  Properties  97 

5.  Deliverables 

5.1.  DTRA  annual  reports  110 

5.2.  Refereed  journal  publications  110 

5.3.  Inventions  110 

5.4.  Theses  110 

5. 5.  Presen ta tions  111 

6.  Personnel  Supported  113 

7.  Interactions/Transitions  113 

8.  Honors/Awards  114 

9.  Quad  Chart  115 

10.  References  116 


3 


1.  Executive  Summary 


Introduction 

The  need  for  high  efficiency  and  low  cost  materials  for  such  detector  systems  is  a 
primary  concern  for  the  practical  deployment  of  large-scale  equipment  throughout 
the  country  and  elsewhere.  Most  materials  of  relevance  for  these  applications  have 
been  made  from  single  crystals.  These  are  generally  expensive  to  prepare  and  have 
problems  with  size,  uniformity  and  activator  ion  concentration.  Recently,  attention 
in  the  detector  community  has  been  drawn  towards  the  area  of  optical  ceramics- 
ceramic  materials  that  are  highly  transparent  and  have  been  under  study  for  high- 
power  laser  applications.  These  materials  do  not  undergo  component  segregation 
during  processing  as  do  single  crystals,  and  can,  in  general,  be  more  heavily  doped, 
produced  in  near-net  shapes  and  scaled  up  to  large  sizes  more  readily  than  single 
crystal  components. 


Program  Objectives 

This  research  program  involved  the  use  of  several  model  material  systems  and  had 
the  following  goals:  1.  Study  the  effect  of  ceramic  microstructure  and  defects,  such 
as  grain  boundaries,  and  pores  on  the  conversion-migration-recombination 
processes  involved  in  the  scintillation  mechanism.  2.  Developing  an  understanding 
and  control  of  the  lattice  and  grain  boundary  defects  generated  by  ceramic  sintering 
additives.  3.  Develop  a  quantitative  relationship  between  processing  parameters, 
defect  structure,  and  scintillation  performance  in  transparent  ceramics.  4. 
Demonstrate  improved  scintillator  performance  with  control  of  ceramic 
microstructure  and  composition. 

The  first  phase  of  our  investigations  involved  a  relatively  simple  binary  compound 
Eu:Y203,  We  developed  procedures  for  preparing  highly  transparent  ceramic 
samples  and  studied  the  relationship  between  processing  conditions,  transparency 
and  some  scintillator  properties.  We  also  looked  at  the  role  of  rare-earth  dopant 
sintering  aids  on  Y2O3  densification  and  the  effect  of  grain  size  and  oxygen  non¬ 
stoichiometry  on  the  scintillation  properties  of  Eu:Y203.. 

In  the  second  phase  of  this  program,  we  prepared  transparent  ceramics  of  more 
complex  scintillator  materials  [ternary  oxide  compounds  containing  two  cations)  i.e. 
Ce:BaHf03,  Ce:SrHf03,  CeiL^HfeCb,  Ce:Lu2Hf20yand  Ce:Y3AlsOi2  (YAG).  Some  of  their 
scintillator  properties  were  measured.  Most  of  the  hafnates,  cubic  and  non-cubic, 
lacked  attractive  properties  in  spite  of  literature  reports  to  the  contrary  and  so  we 
shifted  our  efforts  to  the  more  interesting  cubic  compound  Ce:YAG,  which  became  a 
model  system  for  studying  the  effect  of  oxygen  and  cation  non-stoichiometry  on 
scintillation  performance. 
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During  the  last  phase  of  our  program  we  studied  methods  for  preparing  transparent 
ceramics  of  SrU,  a  new  an  exciting  scintillator  material  with  a  non-cubic  structure 
and  a  light  yield  of  ~100,000  photons/MeV,  when  doped  with  Eu,  and  excellent 
energy  resolution  [1,2].  We  developed  techniques  for  producing  highly  translucent 
Srh,  determined  the  role  of  Grain  Texturing  on  Optical  Transmission  and  measured 
its  scintillation  properties  as  a  function  of  processing  conditions.  During  this  period 
we  also  developed  (using  Eu:Y203  and  Ce:YAG  ceramics),  an  important  new 
technique  for  probing  scintillation  properties  on  a  micro-scale  to  determine 
scintillation  emission  losses  at  and  near  grain  boundaries. 


Major  Accomplishments 

1.  Convincing  evidence  was  found  that  processing  conditions  strongly  affect  the 
light  yield  of  highly  transparent  Eu:Y203  and  Ce:YAG  scintillator  ceramics  due 
to  both  cation  and  oxygen  stoichiometry.  However,  unlike  initial 
expectations,  above  a  minimum  grain  size,  the  grain  boundaries  had  a  limited 
effect  on  light  yield  (in  hot-pressed  Eu:Y203  samples).  These  findings  showed 
that  the  processing  conditions  that  lead  to  optimized  transparency  were  not 
necessarily  those  conditions  that  optimized  light  yield.  Although  a 
relationship  with  grain  size  was  observed,  this  dependence  originated  from 
the  in-diffusion  of  oxygen  through  grain  boundaries  and  into  grains, 
decreasing  the  concentration  of  deep  charge  carrier  traps.  Therefore, 
extensive  processing  studies  on  scintillator  ceramics  must  not  only  focus  on 
maximizing  optical  transparency,  as  is  often  the  case,  but  be  aimed  at 
understanding  the  relationship  between  processing  and  defect  chemistry 
that  may  lead  to  charge  carrier  losses  and  light  absorption.  For  Eu:Y203,  it 
was  clearly  not  sufficient  to  limit  the  volumetric  concentration  of  grain 
boundaries  in  order  achieve  higher  levels  of  radiative  recombination. 

2.  Using  highly  transparent  Eu:Y203  and  Ce:YAG  ceramic  materials,  it  was 
demonstrated  for  the  first  time  that  X-ray  radioluminescence  microscopy 
(XRLM)  can  be  used  to  directly  visualize  the  scintillation  emission  near  grain 
boundaries  in  transparent  ceramics  (see  Figure  l  for  schematic  of  setup  and 
illustration  of  measurement).  When  coupled  with  chemical  and  structural 
analysis  on  the  grain  boundaries,  which  in  certain  cases  may  be  taken 
simultaneously  with  XRLM  imaging,  the  XRLM  method  was  found  to  be  a 
powerful  technique  that  can  be  used  to  study  the  origin  of  grain  boundary 
effects  on  bulk  luminosity  and  scintillation.  It  was  also  shown  that  emission 
profiles  measured  by  this  method  can  be  used  to  calculate  charge  carrier 
transport  properties  in  both  optoelectronic  semiconductors  (e.g.  GaAs)  as 
well  as  our  inorganic,  insulating  scintillator  materials  (e.g.  Eu:Y203,  Ce:YAG). 
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Figure  1:  Schematic  of  XRLM  setup  and  illustration  of  a  measurement  in  a  ceramic  scintillator.  A 
typical  grain  structure  is  shown,  along  with  the  emission  from  a  spot  under  steady-state,  focused  X- 
ray  excitation  and  the  XRL  intensity  from  spots  measured  along  a  line  crossing  a  grain  boundary. 


3.  Determined  that  the  XRLM  method  can  readily  be  extended  to  other 
luminescent  materials,  particularly  insulators,  to  characterize  the  effect  of 
grain  boundaries  and  other  structural  defects  on  emission  under  high-flux  X- 
ray  irradiation.  Simultaneously  coupling  XRLM  with  data  from  other  X-ray 
analytical  techniques,  such  as  X-ray  absorption  spectroscopy,  X-ray  micro¬ 
diffraction,  and  pulsed  X-ray  excitation,  would  make  XRLM  an  even  more 
versatile  tool.  XRLM  may  be  of  particular  use  for  characterizing  the  effect  of 
chemical  segregation  and  secondary  phase  formation  on  scintillation  in 
ceramics  of  complex  garnet  solid  solutions  with  promising  scintillator 
properties. 

4.  Translucent  Eu:Srh  ceramics  were  made  for  the  first  time  by  sintering  in  a 
hot-press  at  relatively  low  temperatures.  The  optical  transmission  produced 
using  our  most  successful  sintering  procedure  was  high  enough  due  to  grain 
alignment  to  produce  a  photopeak  with  a  measured  light  yield  of  25%  of 


6 


single-crystals  and  55%  of  Tl:NaI.  As  these  ceramics  have  been  shown  to  be 
easily  textured  (grain  oriented)  during  pressure  sintering,  it  may  be  possible 
to  reach  higher  levels  of  grain  orientation  by  pressing  under  higher 
pressures,  while  maintaining  the  moderate  temperatures  used  in  this  study. 
Hence  higher  light  yields  might  be  anticipated  for  Srh  ceramics  at  reduced 
costs  over  single  crystal  material.  This  study  has  also  shown  the  potential  for 
using  hot  uniaxial  pressing  to  induce  texturing  in  other  halide  ceramic  having 
fewer  slip  systems  than  potassium  bromide  (KBr),  which  can  be  pressed  to 
transparency  at  room  temperature. 


Technology  Implementation 

The  results  discovered  in  this  research  program  suggest  a  number  of  accessible 
criteria  by  which  interesting  scintillator  materials  may  be  evaluated  as  potential 
candidates  for  high-performance  ceramic  elements  in  radiation  detectors.  These 
include: 

1.  Grain  boundary  defects  and  their  effect  on  charge  carrier  trapping  and 
non-radiative  recombination.  Evaluating  these  properties  may  be  aided  by 
XRLM  analysis  and  bulk  scintillation  characterization  techniques  coupled 
with  parametric  processing  studies.  Atomistic  and  first-principles  models  of 
grain  boundary  electronic  states  also  may  inform  the  study  of  grain 
boundaries  and  scintillation  performance.  Atomistic  modeling  of  grain 
boundaries  in  other  classes  of  materials  has  been  used  with  some  success  in 
predicting  properties,  such  as  with  MgO  and  HfCh  [3-6]. 

2.  Charge  carrier  diffusion  constants  within  the  bulk  of  the  material. 

Results  from  the  XRLM  studies  on  Eu:Y203  and  Ce:YAG  suggest  that  low 
charge  carrier  diffusion  constants  decrease  the  attenuation  of  light  yield, 
likely  because  charge  carriers  diffuse  over  a  shorter  path,  and  therefore  have 
a  higher  probability  of  recombining  at  a  site  within  the  bulk  of  the  grains. 
XRLM  and  cathodoluminescence  techniques  may  aid  in  determine  these 
properties,  and  thus  evaluating  if  some  materials  are  more  sensitive  to 
boundaries  than  others. 

3.  Stoichiometry  control  throughout  ceramic  processing.  Parametric 
ceramic  processing  studies  would  provide  useful  information  on  the 
relationship  between  stoichiometry  and  scintillator  properties  and  lead  to 
optimization  of  performance. 

4.  Evaluating  the  degree  of  birefringence  in  non-cubic  scintillator 
materials.  Studying  available  processing  routes  to  induce  grain  texturing  can 
lead  to  ceramics  with  acceptable  performance  compared  with  single  crystals 
and  at  lower  cost.  In  addition  to  Srh,  other  scintillator  materials  recently 
characterized  in  powder  form,  such  as  Eu:Ba2CsIs  [7],  Eu:Ba2CsBrs  [8]  and 
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Eu:BaBrI  [9],  may  be  good  candidates  for  transparent  ceramic  sintering, 
because  of  their  predicted  low  birefringence  [10]. 


5.  Choosing  suitable  activator  ions  or  scintillation-promoting  dopants. 

These  can  enhance  the  concentration  of  the  point  defects  that  control  the 
rate  of  ceramic  densification,  and  lead  to  enhanced  scintillator  performance 
by  improving  ceramic  transparency.  While  sintering  Eu:Yz03  to  high  levels  of 
transparency,  it  was  found  that  Eu  served  both  as  a  sintering  aid  by 
controlling  the  defect  chemistry  of  the  system  and  as  an  activator  ion.  It  was 
also  found  that  other  rare-earth  dopants,  including  dopants  exclusively 
isovalent  to  Y3+’  enhanced  densification.  Predictive  studies  on  the  site 
preference  and  the  most  energetically  favorable  defect  mechanism  for 
dopant  incorporation  into  the  host  lattices  of  bixbyite,  garnet  and  perovskite 
structures  [11-15]  have  been  used  to  understand  the  preference  of  the 
activator  ion  for  particular  cation  sites  in  the  lattices,  which  affects  the 
activator  ion  emission.  Similar  chemical  and  bonding  energetics  information 
could  also  be  used  to  understand  the  effects  of  rare-earth  doping  on 
densification  in  these  materials. 

While  the  above  parameters  may  require  more  in-depth  characterization,  they  offer 
a  more  expansive  view  of  the  class  of  materials  that  are  potentially  of  interest  for 
transparent  ceramic  fabrication.  The  potential  for  low-cost,  large-scale  fabrication  of 
scintillator  ceramics  still  make  ceramics  an  attractive  alternative  to  single-crystals, 
but  more  extensive  studies  into  the  effects  of  processing  parameters  on  both 
scintillation  and  transparency  will  further  inform  the  development  of  ceramic 
bodies  with  higher  levels  of  scintillator  performance  and  transparency. 
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2.  Introduction 


Materials  are  an  important  component  of  radiation  detector  devices.  The  need  for 
high  efficiency  and  low  cost  materials  for  such  detector  systems  is  a  primary 
concern  for  the  practical  deployment  of  large-scale  equipment  throughout  the 
country  and  elsewhere.  Most  materials  of  relevance  for  these  applications  have  been 
made  from  single  crystals.  These  are  generally  expensive  to  prepare  and  have 
problems  with  size,  uniformity  and  activator  ion  concentration.  Recently,  attention 
in  the  detector  community  has  been  drawn  towards  the  area  of  optical  ceramics- 
ceramic  materials  that  are  highly  transparent  and  have  been  under  study  for  high- 
power  laser  applications.  These  materials  do  not  undergo  component  segregation 
during  processing  as  do  single  crystals,  can,  in  general,  be  more  heavily  doped, 
produced  in  near-net  shapes  and  scaled  up  to  large  sizes  more  readily  than  single 
crystal  components. 

Scintillator  transparency  and  efficient  wall  reflectivity  are  critical  issues  when 
spatial  resolution  and  photodiode  protection  [from  direct  hits  by  transmitted 
neutrons  and  gamma  rays)  require  material  with  high  thickness-to-width  ratio.  In  a 
transparent  ceramic,  like  in  other  scintillator  materials  (single  crystal  or  glass),  a 
scintillation  photon  isotropically  emitted  from  a  luminescent  center,  can  undergo 
many  interactions  before  it  encounters  the  output  face,  which  is  coupled  to  a  photo¬ 
detector.  For  example,  internal  scattering  will  increase  the  path-length  and  make 
the  material  more  sensitive  to  potential  radiation  traps.  This  consideration  becomes 
crucial  in  scintillator  geometries  where  the  photon  path-length  is  long  and  bulky 
detectors  are  required. 

The  transparency  of  ceramics  and  their  performance  in  scintillator  applications  has 
been  limited  by  a  number  of  factors  including  crystalline  defects,  grain  boundary 
effects  and  index  of  refraction  variations.  These  include  randomly  oriented  grains, 
residual  porosity  and  secondary  phases.  With  respect  to  grain  boundaries,  they 
must  be  kept  smaller  than  ~l/100th  of  a  wavelength  to  insure  that  they  do  not 
scatter  light.  The  pore  density  and  size  distribution  must  be  also  kept  within 
demanding  limits:  a  0.5  cm  thick  sample  with  a  pore  fraction  as  low  as  10  ppm  has 
an  attenuation  coefficient  on  the  order  of  0.2  cm1.  Another  important  issue  is 
related  to  index  variations  caused  by  local  variations  in  stoichiometry.  This  can  be 
induced  during  some  powder  production  procedures.  There  are  also  other  very 
specific  issues  raised  by  the  use  of  ceramics  as  scintillator  hosts.  The  scintillation 
process  depends  crucially  on  the  local  environment  of  the  activator  ions  in  the 
crystal  lattice,  as  well  as  the  propensity  for  electrons  or  holes  to  become  trapped  at 
other  defect  sites  (the  latter  creating  additional  levels  in  the  forbidden  gap).  It  has 
been  claimed  that  even  coarse  grained  transparent  ceramics,  with  grain  sizes  on  the 
order  of  a  few  tens  of  microns  and  grain  boundary  thicknesses  of  about  2  nm,  may 
generate  enough  interface  related  states  to  modify  the  average  bulk  characteristics 
of  charge  carrier  transport.  This  eventually  degrades  the  scintillation  response 
and/or  overall  efficiency  parameters.  In  applications  that  involve  rapid  and 
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repetitive  acquisition  of  imaging  data  at  high  framing  rates,  such  as  tomographic 
imaging,  afterglow  may  limit  the  potential  of  certain  scintillation  detectors.  If  the 
afterglow  does  not  dissipate  in  the  time  available  between  successive  frames, 
enough  of  the  previous  image  may  remain  to  cloud  the  next  one  being  acquired. 

Deep  and  shallow  traps  in  scintillator  materials  have  been  identified  and  are  known 
to  be  influenced  by  strains  and  the  proximity  to  grain  boundaries.  Partially  filled 
anionic  crystal  sub-lattices  such  as  the  ones  encountered  in  rare-earth  oxides  with 
the  bixbyite  structure  preclude  the  formation  of  anionic  interstitial  Frenkel  defects 
that  generate  deep  hole-traps  in  the  bulk  [color  centers).  Surface  states  at  grain 
boundaries  are  thought  to  form  shallow  traps  since  they  exhibit  neither  radiation 
damage  nor  saturation  effects.  It  may  not  be  necessary  to  remove  all  traps  to 
suppress  afterglow  as  it  is  currently  thought  sufficient  to  simply  eliminate  the 
deepest  ones.  Whether  this  can  be  done  in  a  controlled  manner,  either  by  altering 
the  grain  morphology  or  by  introducing  differently  charged  species,  needs  to  be 
investigated. 

While  materials  with  non-cubic  crystal  structures  such  as  sapphire  and  spinel  have 
been  made  into  highly  translucent  ceramics,  to  date,  only  cubic  phases  have  been 
prepared  as  highly  transparent  ceramic  materials  since  optical  isotropy  precludes 
any  refractive  index  discontinuities  at  the  grain  boundaries,  thus  eliminating  light 
scattering  from  the  randomly  oriented  individual  crystallites.  The  absence  of 
scattering  assures  that  light  emitted  in  the  scintillation  process  will  be  transmitted 
faithfully  through  the  medium  to  the  photo-detector  that  must  ultimately  record  the 
signal.  The  absence  of  scatter-induced  lateral  spreading  makes  it  possible,  in 
principle,  to  achieve  greatly  improved  sharpness  and  image  resolution.  As  one  might 
expect,  very  few  such  materials  have  been  fully  developed  for  practical  detection 
applications.  Transparent  ceramics  of  optically  isotropic  materials  such  as  garnets 
[ex.  Ce3+  :Y3A1sOi2),  rare-earth  oxides  [ex.  Pr3+:  [Gd(i-X]YX)203),  and  newer  materials 
such  as  the  alkaline-earth  hafnates  etc.  have  recently  been  demonstrated  with  some 
success  However,  transparency,  even  in  these  cubic  materials  is  not  guaranteed 
because  the  multi-step  ceramic  process  is  complicated.  In  addition,  the  fabrication 
of  these  ceramics  to  an  optical-grade  is  not  yet  reproducible  and  the  mechanisms 
that  prevail  in  their  densification  have  yet  to  be  fully  understood.  As  a  consequence, 
scintillation  performances  are  still  largely  process  and  material  dependent. 

In  the  place  of  hard  scientific  facts  obtained  via  careful  analysis,  various  mythologies 
have  grown-up  concerning  what  processing  parameters  are  most  likely  to  achieve 
the  highest  transparency  and  hence  low  optical  losses  and  improved  efficiency,  light 
yield  and  afterglow  characteristics.  Even  after  more  than  40  years,  fabricating  an 
optically  transparent  ceramic,  which  is  done  by  removing  pores  and  precipitates,  is 
still  a  very  challenging  process. 

Since  ceramic  materials  hold  great  promise  to  improve  the  cost  and  performance  of 
radiation  detection  devices,  it  has  become  increasingly  more  important  that  we 
understand  how  the  various  stages  in  the  ceramic  processing  [such  as  particle  size 
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and  shape,  particle  packing  morphology,  interstitial  gas  removal  and  grain 
orientation)  contribute  to  defects  within  grains  and  at  their  boundaries. 


Program  Objectives 

Scintillator  ceramics  have  the  potential  to  be  microstructure  engineered  to  produce 
near-net  shapes  and  scaled-up  to  large  sizes  more  readily  and  at  lower  cost  than 
single  crystals.  In  addition,  synthesis  processes  provide  an  opportunity  to  achieve 
more  uniform  control  of  additive  concentrations.  However,  the  fabrication  of  high 
optical-grade  ceramics  is  not  yet  reproducible,  and  the  mechanisms  that  control 
their  densification  have  yet  to  be  fully  understood.  Even  more  important,  the  role  of 
grain  boundaries  and  other  lattice  defects  on  the  performance  of  ceramic 
scintillators  is  largely  unknown.  As  a  consequence,  ceramic  scintillator  performance 
is  still  largely  process  and  material  dependent. 

This  research  program  involved  the  use  of  several  model  material  systems  and  had 
the  following  goals: 

1.  Study  the  effect  of  ceramic  microstructure  and  defects,  such  as  grain 
boundaries,  and  pores  on  the  conversion-migration-recombination  processes 
involved  in  the  scintillation  mechanism. 

2.  Developing  an  understanding  and  control  of  the  lattice  and  grain  boundary 
defects  generated  by  ceramic  sintering  additives. 

3.  Develop,  with  the  use  of  model  material  systems,  a  quantitative  relationship 
between  processing  parameters,  defect  structure,  and  scintillation  performance 
in  transparent  ceramics. 

4. Demonstrate  improved  scintillator  performance  with  control  of  ceramic 
microstructure  and  composition. 

The  following  subjects  were  studied: 

A.  Binary  Cubic  Compounds 

I.  Development  of  techniques  to  prepare  transparent  Eu:Y203  and 
Eu:(LuxGdi-x)203 

II.  Role  of  rare-earth  dopant  sintering  aids  on  Y2O3  densification 

III.  Effect  of  grain  size  and  oxygen  non-stoichiometry  on  the  scintillation 
properties  of  Eu:Y203 

B.  Ce-doped  Ternary  Oxide  Compounds 

I.  Development  of  techniques  for  preparing  transparent  ceramics  of 
Ce:BaHf03,  Ce:SrHf03,  Ce:La2Hf207,  Ce:Lu2Hf207and  Ce:Y3Al50i2  (YAG) 

II.  Scintillation  properties  measurements  of  Ce-doped  hafnates 
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III.  Effect  of  oxygen  and  cation  non-stoichiometry  on  the  scintillation 
performance  of  transparent  YAG  ceramics 

C.  Micro-scale  Scintillation  Characterization  Across  Grain  Boundaries  in: 

I.  Eu:Y203 

II.  Ce:YAG 

D.  EuiSrh 

I.  Development  of  techniques  for  preparing  of  highly  translucent  Srl2 

II.  Determining  the  role  of  grain  Texturing  on  optical  transmission 

III.  Measurement  of  the  scintillation  properties  of  Eu:SrI2 
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3.  Technical  Approach 

Objectives 

The  basic  goal  of  this  program  was  to  study  the  role  of  grain  boundaries  and  other 
lattice  defects  on  the  scintillation  properties  of  high  density,  high  optical  quality 
ceramics.  Ceramics  potentially  offer  certain  cost  and  other  performance  benefits 
over  single  crystals.  The  main  differences  between  the  two  types  of  materials  are 
the  presence  of  randomly  oriented  single  crystal  grains  in  the  ceramic,  grain 
boundaries,  residual  porosity  and  a  difference  in  component  segregation  during 
sample  preparation.  The  boundaries  can  lead  to  optical  scattering  and  act  as 
trapping  sites  to  reduce  light  yield,  decay  time,  etc.  It  is  therefore  very  important  to 
learn  how  these  various  lattice  imperfections,  in  particular  grain  boundaries,  impact 
a  ceramic’s  scintillator  performance.  To  successfully  carry  out  this  research 
program  it  was  critical  that  techniques  be  developed  to  prepare  ceramic  materials 
with  both  high  optical  transparency  and  measureable  scintillator  properties.  The 
selection  of  the  model  material  systems  used  in  this  study  had  to  be  based  on  these 
general  criteria.  Since  transparency  in  non-cubic  phases  is  affected  by  birefringence 
induced  light  scattering  at  grain  boundaries,  we  chose  to  begin  our  studies  with  a 
simple  cubic  binary  compound  and  then  graduate  to  more  complex  multi-cation 
cubic  materials  and  finally  a  study  of  both  the  preparation  and  properties  non-cubic 
ceramics.  As  time  progressed  during  this  program  we  became  aware  of 
developments  on  new  scintillator  materials  and  in  collaboration  with  various 
outside  groups  incorporated  these  materials  into  our  program. 


Ceramic  Powder  Preparation 

Preparing  a  high  density  ceramic  sample  begins  with  the  use  of  appropriate 
powders  with  respect  to  purity,  particle  size,  distribution,  shape,  etc.  They  are 
sometimes  used  directly  from  commercial  sources,  or  chemically  prepared  in  the 
laboratory.  Often  grinding  or  ball  milling  are  used  to  mix  the  various  component 
powders  such  as  dopants  and/or  compound  constituents.  The  powders  are  then 
compacted  in  a  cold  press  [uniaxial  or  isostatic]  to  a  modest  density  and  then 
sintered  in  a  furnace  by  one  of  a  variety  of  methods.  The  powders  are  often  analyzed 
to  quantify  their  physical  and  chemical  properties  by  x-ray  diffraction  and  various 
microscopy  methods. 

In  our  study  of  Eu:Y203  ceramics  we  explored  3  different  methods  of  powder 
synthesis  1)  reactive  sintering  of  commercial  EU2O3  and  Y2O3  powders,  2)  a  core¬ 
shell  process  whereby  EU2O3  is  precipitated  onto  Y2O3  powder  in  suspension  and  3) 
chemical  co-precipitation  of  both  species.  The  best  results,  very  adequate  for  our 
experimental  purposes,  were  obtained  with  the  first  method.  XRD  analysis  was  used 
to  gauge  the  completeness  of  the  reaction  and  differential  thermal  analysis  was  used 
to  determine  decomposition  and  reaction  temperatures. 
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Sintering 


There  are  a  variety  of  methods  suitable  for  preparing  dense  ceramic  materials,  but 
only  a  few  that  have  been  successfully  applied  to  the  preparation  of  optically 
transparent  samples.  Two  of  these,  hot  pressing  and  vacuum  sintering,  were  chosen 
for  this  program.  Coupled  with  post-sintering  processes  such  as  hot  isostatic 
pressing  and  annealing  under  stoichiometry  altering  atmospheres  [at  various 
temperatures  and  soak  times),  we  successfully  obtained  the  high  quality  samples 
used  in  this  study. 

One  of  the  important  methods  for  inducing  high  densification  rates  and  greater 
ceramic  transparency  is  the  use  of  sintering  aids.  These  materials  vary  depending 
upon  the  host  lattice  and  have  often  been  shown  to  influence  the  scintillator 
properties  in  a  negative  way.  Based  on  sintering  aid  mechanisms  postulated  in  the 
literature,  we  first  looked  at  the  possibility  of  using  the  activator  ion  as  the  sintering 
aid,  thereby  minimizing  the  effects  of  foreign  species  on  light  yield,  decay  time,  etc. 

In  this  era  of  nanotechnology,  starting  powders  preparation  has  become  an 
important  topic  in  the  ceramics  field.  The  advantages  of  working  with  nano¬ 
powders  include  reduced  sintering  times  and  temperatures  and  the  potential  for  co¬ 
doping  uniformly  during  the  precipitation  process.  While  this  avenue  was 
extensively  explored  with  certain  of  the  materials  studied  in  this  program,  the  use  of 
mixed  micron-sized  oxide  powders  from  commercial  sources  was  found  adequate  in 
most  cases  for  our  studies. 


Characterization 

One  of  the  key  components  of  this  study  involved  varying  the  defect  type  and 
concentration  in  our  model  materials  and  determining  their  effect  on  the  scintillator 
properties,  particularly  light  output  under  gamma  irradiation.  To  accomplish  this 
goal,  we  used  an  extensive  suite  of  characterization  tools  available  here  at  Stanford 
or  in  other  laboratories.  Both  macro-scale  and  micro-scale  characterization 
techniques  were  used  to  determine  the  influence  of  grain  boundaries  on  light 
output. 

By  changing  the  sintering  conditions  i.e.  temperature,  time  and/or  pressure  we 
were  able  to  manipulate  the  ceramic  microstructure.  These  processing  variables 
lead  to  differing  grain  size,  grain  boundary  geometries,  pore  size,  sample  density 
and  to  some  extent  chemical  composition.  By  annealing  the  oxide  materials  in  an  air 
atmosphere  we  were  also  able  to  effect  changes  in  stoichiometry  and  the 
redistribution  of  other  point  defects  associated  with  oxygen  vacancies.  By 
controlling  grain  size  and  boundary  volume  along  with  minimizing  the  influence  of 
scattering  centers  on  optical  quality  (i.e.  making  very  transparent  ceramics)  the 
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effect  of  grain  boundaries  on  scintillator  properties  within  our  model  materials 
could  be  revealed. 

For  most  characterization  measurements,  samples  had  to  be  carefully  polished  and 
either  thermally  or  chemically  etched  to  reveal  the  microstructural  details.  Both 
optical  and  scanning  electron  microscopy  was  employed  for  this  purpose. 
Transmission  electron  microscopy  was  used  to  gain  an  atomistic  view  in  the  grain 
boundary  region.  Grain  misorientation,  alignment  and  lattice  distortion  in  the  grains 
near  the  boundary  could  be  observed  with  this  latter  method.  X-ray  diffraction 
analysis  was  used  for  both  structural  and  compositional  analysis  of  some  selected 
ceramic  samples.  Various  other  techniques  were  used  during  the  course  of  this 
investigation  to  characterize  the  physical,  optical  and  compositional  properties  of 
the  samples  produced,  including  Auger  analysis,  optical  absorption  spectroscopy, 
confocal  microscopy,  electron  spin  resonance  (West  Virginia  University],  NMR, 
pulsed  x-ray  emission  spectroscopy  (Lawrence  Berkeley  Laboratory],  x-ray 
radioluminescence  spectroscopy  and  XLRM-  x-ray  radioluminescence  microscopy 
(SLAC-Stanford  Synchrotron  Radiation  Lightsource],  luminescence  decay  and  CLTI- 
cathodoluminescence  transport  imaging  (Naval  Postgraduate  School-Monterey,  CA]. 

Highlights  of  the  research  are  given  in  Section  4. 
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4.  Scientific  Results 


4.1.  EWY2O3  Ceramics:  Sintering  to  High  Optical  Transparency  and  Optimizing 
Scintillation  vs.  Grain  Size  and  Processing  Parameters 

Highlights : 

•  Special  techniques  were  studied  for  preparing  transparent  ceramics  ofEu:Y203 
from  powders  synthesized  through  various  chemical  means.  Each  preparative 
technique  presented  a  trade-off  between  chemical  homogeneity  (i.e.,  Eu,  Y)  and 
optical  transparency. 

•  The  highest  transparency  EW.Y2O3  ceramics  were  prepared  using  mixed  oxide 
powders  that  were  ball  milled  and  sintered  through  a  step-wise  application  of 
temperature  and  pressure  up  to  1580°C  and  40MPa.  Optical  transparency 
nearly  reached  that  of  a  water-clear  single  crystal. 

•  Europium  was  found  to  act  as  a  solid  state  sintering  aid  in  Eu:Y203  by 
enhancing  the  concentration  of  yttrium  interstitials,  which  control  the  rate  of 
diffusion  mechanisms  through  which  Y2O3  densified.  This  permitted  the 
production  of  highly  transparent  ceramics  without  introducing  foreign  species 
that  can  have  a  negative  impact  on  scintillator  performance. 

•  Other  rare-earth  dopants  ( both  isovalent  and  aliovalent  to  Y3+ J  also  acted  as 
sintering  aids  in  Y2O3,  and  their  relative  enhancement  of  diffusion  was  found  to 
correlate  with  their  chemical  properties  and  defect  chemistry,  as  opposed  to  an 
enhancement  in  migration  energy  of  cations.  Therefore,  the  diffusion 
mechanism  that  controls  densification  and  the  effect  inclusion  of  additives  has 
on  the  thermodynamics  of  defect  formation  will  help  to  identify  additives  that 
will  benefit  the  densification  of  ceramics. 

•  Observed  a  strong  effect  on  ceramic  light  yield  from  processing  conditions  and 
oxygen  stoichiometry.  At  the  same  time,  above  a  minimum  grain  size,  grain 
boundaries  were  found  to  have  limited  effect  in  EWY2O3  samples.  These 
findings  showed  that  the  processing  conditions  that  optimized  transparency 
were  not  necessarily  those  conditions  that  optimized  light  yield. 

•  Although  a  relationship  between  light  yield  and  grain  size  was  observed,  this 
dependence  originated  from  the  in-diffusion  of  oxygen  through  grain 
boundaries  and  into  grains,  decreasing  the  concentration  of  deep  charge 
carrier  traps. 
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Experimental  Details: 


Ceramic  Sintering. 

Ceramics  were  sintered  from  either:  [1]  “mixed  oxide”  [MO)  powders  of  commercial 
Y2O3  and  EU2O3  (2)  "precipitated”  EU2O3  nanopowders  [NP)  mixed  with  commercial 
Y203,  or  (3)  "co-precipitated"  (CP)  Eu:Y203  nanopowders.  Green  bodies  of  each  of 
these  powders  were  formed  into  1-inch  rounds  by  die  pressing  at  11.3  MPa  to  thick¬ 
nesses  between  8.0  and  8.5  mm.  Green  bodies  were  sintered  by  uniaxial  hot- 
pressing,  using  two  different  temperature  and  pressure  profiles:  (1)  a  step-wise 
(SW)  program  (e.g.,  Figure  2(a))  and  (2)  a  single-step  (SS)  program  (e.g.,  Figure  2(b)). 
Although  the  majority  of  samples  were  translucent  after  hot-pressing,  residual 
porosity  in  these  ceramics  was  further  decreased  by  hot-isostatic  pressing  (HIPing) 
under  200  MPa  in  a  pressurized  argon  vessel  at  1700°C  for  2  hours.  These  samples 
were  finally  annealed  in  air  to  both  oxidize  the  Eu  that  was  reduced  during  hot- 
pressing  (Eu2+  ->  Eu3+1  and  to  re-introduce  oxygen  lost  during  sintering  (restoring 
stoichiometry). 


Time  (sec) 


Time  (sec) 


Figure  2:  Example  sintering  profiles  for  (a]  step-wise  and  [b]  single-step  programs. 


Ceramic  densification  was  monitored  during  hot-pressing  by  recording  the 
displacement  of  the  graphite  plunger  in  the  hot-press  furnace  (see  schematic  in 
Figure  3).  The  thermal  and  mechanical  responses  of  the  plungers  over  the  course  of 
the  sintering  program  were  calibrated  in  order  to  extract  densification  data  from 
the  plunger  displacement.  The  thermal  expansion,  stiffness,  and  thermal  diffusion  of 
the  graphite  die  set  and  graphite  foil  spacers  were  determined  to  the  second-order 
(Table  1),  and  used  to  subtract  out  the  background  displacement,  according  to  the 
relationship: 
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where  — is  the  dimensional  change  of  the  graphite  plungers  during  hot  pressing,  T„ 


is  the  temperature  measured  by  the  pyrometer  at  the  edge  of  the  die  case,  a  is  the 
applied  stress,  t  is  time,  a  and  (B  are  the  first-  and  second-order  thermal  expansion 
coefficients  of  the  graphite,  Yo  is  its  Young’s  modulus,  and  x  is  the  characteristic  time 
for  thermal  diffusion  from  the  outside  to  the  inside  of  the  die. 


The  following  coefficients  were  used  to  determine  the  background: 

A  =  al0  B  =  /5l0  C  =  -^ 

^0 


D  =  arl0 


E=k l^L 
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Table  1:  Graphite  Die 


hermal  and  Stress  Coefficients 


Coefficient 

Value 

A 

1.59E-3  mm.K 

B 

5E-9  mm 

C 

3.4E-8  mm.Pa'1 

D 

5.5E-5  mm-K-s'1 

E 

IE- 1 1  mm.Pa'K'1 

F 

7E-12  mm.s.Pa  ’K-1 
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Figure  3:  Schematic  of  graphite  hot  press. 
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Sintering  from  Different  Starting  Powders  Produced  through  Various  Methods 

The  principal  goal  of  the  Eu:Y203  sintering  studies  was  to  develop  a  process  that 
could  produce  highly-transparent  ceramics  with  different  grain  sizes  and  point 
defect  concentrations.  The  role  of  these  variables  on  scintillator  performance  could 
then  be  evaluated  using  a  variety  of  characterization  techniques.  A  number  of 
previously  successful  routes  for  preparing  transparent  rare-earth  oxide  bixbyite 
ceramics  were  first  identified  [1-24].  From  among  them,  hot-pressing  was  chosen  as 
being  the  most  viable.  Starting  powders  for  hot  pressing  were  synthesized  by  a 
number  of  techniques  in  order  to  assess  the  effects  of  both  chemical  homogeneity 
and  increased  driving  forces  for  inter-particle  diffusion  on  sintering  dynamics  and 
ceramic  properties. 

Two  types  of  starting  material  were  used  in  these  studies:  [1]  pre-reacted  (Eu,Y)203 
and  [2)  mixed  EU2O3  and  Y2O3  powders.  Figure  4  shows  scanning  electron  microscopy 
(SEM)  images  of  powders  used  as  starting  materials  for  the  ceramics  shown  in 
Figure  3.9.  The  X-ray  diffraction  (XRD)  results  on  the  NP  powders  showed  the 
presence  of  both  Y2O3  and  EU2O3 ,  while  the  CP  powders  contained  only  the  cubic 
Y2O3  bixbyite  structure  (compare  XRD  patterns  in  Figure  5).  While  all  the  three 
synthesis  methods  described  in  the  previous  section  produced  transparent  ceramics 
(as  seen  in  Figure  6],  the  lowest  optical  attenuation  was  obtained  using  the  mixed 
oxide  (MO)  method.  However,  sintering  ceramics  from  powders  produced  by  the 
other  two  methods  also  had  some  advantages.  For  example,  in  our  initial  studies  on 
the  MO  and  NP  processes,  Eu  was  found  to  be  more  homogenously  dispersed  in  the 
NP  ceramics.  Red  particulates,  which  were  hundreds  of  micrometers  in  size,  were 
observed  under  an  optical  microscope  in  the  MO  ceramics,  but  not  in  NP  ceramics 
(see  Figure  7).  This  phase  was  found  to  be  highly  Eu-rich.  However,  when  MO 
powders  were  ball  milled  rather  than  mixed  with  a  mortar  and  pestle  before 
sintering,  these  particulates  were  not  observed.  Initially,  we  avoided  ball  milling 
powders  in  order  to  prevent  Zr  contamination  from  the  balls,  but  we  ultimately 
found  <5  ppm  of  Zr  in  ball  milled  powders  as  measured  by  inductively  coupled 
plasma  mass  spectrometric  (ICP-MS)  analysis. 
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Figure  4:  Scanning  electron  microscopy  [SEM]  images  of  commercial  powders  of  [a]  Y2O3  and  [b] 
EU2O3,  NP  powders  showing  (c]  Y2O3  particles,  [d]  close-up  of  particle  in  (c]  with  EU2O3  particles  on 
surface,  and  CP  powders  produced  with  [RE3+]  and  [Urea]/[RE3+]  of  [e]  0.05M  and  20  and  (f)  0.5M 
and  20. 
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Figure  5:  Typical  X-ray  diffraction  [XRD]  patterns  of  [a]  NP  and  [b]  CP  powders.  *  denotes  cubic 
EU2O3  peaks,  and  +  denotes  an  aluminum  peak  from  the  sample  stage.  All  other  peaks  can  be  assigned 
to  the  cubic  Y2O3  crystal  structure. 
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Figure  6:  Picture  of  (from  left  to  right)  unannealed  MO,  and  annealed  CP,  NP,  and  MO  ceramics  under 
282  nm  ultraviolet  irradiation. 


Figure  7:  Optical  micrographs  of  (a)  MO  and  (b)  NP  ceramics,  showing  red  particulates  in  (a)  and 
their  absence  in  (b). 


On  the  nano-scale,  particulates  of  an  Eu-rich  phase  were  also  observed  at  grain 
boundaries  in  NP  ceramics  [see  Figure  8].  While  yttrium  oxide  has  a  single  cubic 
crystal  structure,  europium  oxide  can  exist  in  one  of  four  phases.  The  most  oxygen- 
rich  phase,  EU2O3,  crystallizes  in  both  the  bixbyite  cubic  structure  and  a  monoclinic 
structure.  When  Eu  is  completely  reduced  to  its  divalent  phase,  it  forms  an  oxide 
with  a  cubic  rocksalt  structure.  An  orthorhombic  intermediate  phase,  EU3O4,  also 
exists  with  a  2:1  ratio  of  Eu3+  to  Eu2+.  Interplanar  spacings  between  the  diffraction 
planes  shown  in  Figure  8[b)  were  calculated  from  Bragg’s  Law.  Values  for  the 
interplanar  spacing  are  given  in  Table  2.  The  most  likely  candidate  for  the  structure 
of  the  particulates  was  found  to  be  EU3O4.  In  fact,  some  of  the  earliest  reports  on 
EU3O4  showed  that  it  could  be  produced  by  hot  pressing  in  a  graphite  die  [1]. 
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Figure  8:  Transmission  electron  microscopy  (TEM)  analysis  of  a  particulate  at  a  grain  boundary  in  an 
NP  ceramic:  (a)  TEM  image  of  particulate,  (b)  TEM  image  of  lattice  fringes  in  the  particulate  and 
surrounding  cubic-phase  grain,  (c)  image  of  selected  area  electron  diffraction  pattern,  and  electron 
dispersive  spectroscopy  (EDS)  X-ray  spectra  of  (d)  the  Eu-rich  particulate  and  (e)  an  adjacent  grain. 
The  observed  Cu  emission  originated  from  the  Cu  sample  mount. 


Table  2:  Lattice  Parameters  and  Interplanar  Spacing  of  Europium  Oxides 


Europium  Oxic 

le  Lattice  1 

Parameters 

Material 

Structure 

a  (A) 

b  (A) 

c(A) 

«(°) 

Ref. 

EU2O3 

cubic 

10.859 

--- 

--- 

90 

[26] 

EU2O3 

monoclinic 

14.108 

3.608 

8.810 

100.12 

T271 

EU3O4 

orthorhombic 

10.085 

12.054 

3.502 

90 

[1] 

EuO 

cubic 

5.143 

— 

— 

90 

T281 

Calculated  Interplanar  Spacing  of  Eu-Rich  Particulates 

3.511  A 

14.267  A 

EU3O4 

orthorhombic 

(110) 

Analysis  of  the  microstructures  of  sintered  ceramics  showed  that  these  particles 
may  have  caused  grain  boundary  pinning,  leading  to  smaller  grain  sizes.  While  the 
initial  size  of  the  Y2O3  particles  was  the  same  for  both  MO  and  NP  starting  powders, 
the  final  grain  sizes  of  ceramics  sintered  from  these  powders  were  consistently 
smaller  in  NP  ceramics  (Figure  9(a)).  Small  insoluble  particulates  may  pin  grain 
boundaries.  Grain  boundary  pinning  has  in  many  instances  been  shown  to  lead  to 
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increased  final  density  by  decreasing  the  mobility  of  grain  boundaries,  thereby 
preventing  pore-boundary  separation  [29].  In  our  experiments,  prior  to  air 
annealing,  NP  ceramics  did  appear  more  transparent  than  MO  ceramics.  However, 
following  annealing,  NP  ceramics  were  found  to  have  larger  optical  attenuation 
coefficients  than  MO  ceramics  processed  under  identical  conditions  [Figure  9[b)). 
The  only  exception  was  for  sintering  above  1700°C,  where  grain  boundary  pinning 
in  the  NP  ceramics  prevented  the  abnormal  grain  growth  observed  in  the  MO 
ceramics. 


Figure  9:  (a)  Grain  size  and  (b)  optical  attenuation  after  HIPing  and  annealing  of  MO  and  NP  ceramics 
hot  pressed  at  different  temperatures. 


The  decrease  in  transparency  of  NP  ceramics  after  air  annealing  appears  to  have 
been  related  to  the  in-diffusion  of  Eu  from  the  grain  boundaries  into  the  bulk  of  the 
grains.  Fluorescence  scanning  confocal  micrographs  of  the  Eu3+  emission  showed  a 
higher  concentration  of  Eu  at  the  grain  boundaries  than  in  the  grains  in  unannealed 
samples  (Figure  10 [a]].  After  annealing  the  same  ceramic,  Eu  was  no  longer 
segregated  at  the  boundaries  (Figure  10(b)).  At  the  same  time,  pores  were  found  to 
have  grown  in  size  and,  in  some  cases,  became  separated  from  the  boundaries.  The 
microstructural  changes  at  the  boundaries,  due  to  the  incorporation  of  Eu  into  the 
grains  after  oxidation,  may  have  caused  void  growth  and  coalescence,  which 
degrade  optical  transparency. 
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Figure  10:  Fluorescence  scanning  confocal  microscopy  images  of  611  nm  Eu3+  emission  at  a  depth  of 
10  pm  below  the  surface  for  the  same  NP  ceramic:  (a]  unannealed  and  (b)  air  annealed.  The  ceramic 
was  hot  pressed  using  a  step-wise  sintering  program  up  to  1700°C  for  a  soak  time  of  8  hrs,  HIPed  at 
1700°C  for  2  hrs,  and  air  annealed  at  1200°C  for  6  hrs. 


Ceramics  sintered  from  CP  powders  were  also  found  to  have  lower  optical  quality 
than  the  MO  ceramics  (see  transmission  spectrum  in  Figure  ll).  CP  samples  were 
found  to  be  gray  even  after  aggressive  air  annealing  (1200°C  for  48  hours).  Because 
of  the  lower  optical  transmission  of  CP  and  NP  samples,  the  samples  used  for  the 
scintillation  studies  discussed  later  in  this  section  and  in  Section  4.2  were  fabricated 
by  the  MO  method  with  ball-milled  powders. 
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Figure  11:  Optical  transmission  of  5  at.%  Eu:Y203  ceramic  made  from  CP  powders.  Compare  to 
absorption  spectrum  of  annealed  MO  ceramic  in  Figure  15(a). 
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Sintering  with  Various  Temperature  and  Pressure  Profiles 


Figure  12:  A  5  at.%  Eu:Y203  transparent  ceramic  (optical  attenuation  0.14  cm-1)  produced  by  the  MO 
method  and  sintered  using  the  step-wise  program. 


The  highest  optical  transparency  was  reached  in  mixed  oxide  ceramics  sintered 
through  a  step-wise  application  of  pressure  and  temperature  up  to  40  MPa  and 
1580°C  (Figure  12].  A  step-wise  technique  for  sintering  Y2O3  was  previously 
suggested  by  Majima,  et  al.  [30],  who  sintered  their  material  with  LiF.  Their  step¬ 
wise  procedure  was  used  in  order  to  allow  the  LiF  liquid  phase  that  forms  above 
848°C  to  volatilize  before  the  pore  networks  closed  to  the  atmosphere,  while  at  the 
same  time,  allowing  the  ceramics  to  sinter  to  optical  transparency.  In  our  study,  no 
liquid  phase  was  formed,  but  higher  transparency  was  still  observed.  This  is 
somewhat  counterintuitive,  because  traditionally  fast-firing  is  used  to  obtain  high- 
density  ceramics  by  quickly  reaching  a  temperature  at  which  densifying 
mechanisms  are  favored  over  non-densifying  ones.  However,  by  using  the  single- 
step  program,  a  large  ceramic  shrinkage  was  observed  during  the  pressure  ramp 
(Figure  13(a)),  while  very  little  shrinkage  of  the  sample  was  observed  during  the 
pressure  ramps  in  the  step-wise  program  (Figure  13(b)).  Because  of  the  relatively 
low  sinterability  of  the  large  particles  of  the  commercial  powders,  our  MO  ceramics 
did  not  reach  final-stage  sintering  (~>92%)  until  nearly  at  soak  temperature.  Below 
these  densities,  pressure  may  cause  particle  rearrangement  by  breaking  the  necks 
that  have  formed  between  grains.  The  resulting  particulates  can  essentially  behave 
as  large  hard  agglomerates,  leading  to  asymmetrical  pore  shrinkage  [31,32].  This 
mechanism  may  account  for  the  superior  transparency  obtained  through  step-wise 
over  single-step  sintering. 
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Figure  13:  Densification  rates  of  Eu:Y203  hot  pressed  with  (a)  non-step  and  (b)  step-wise 
temperature  and  pressure  profiles. 
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Effect  of  Europium  Concentration  on  the  Densification  of  Transparent  Eu:Yz03 
Ceramics 

Because  foreign  elements  previously  used  to  enhance  transparency  in  high-density 
ceramics  can  have  a  deleterious  effect  on  scintillator  performance  [33],  a  study  of 
alternative  solutions  was  pursued.  Based  on  some  preliminary  work  in  this 
laboratory  suggesting  that  Nd  doping  in  Y2O3  laser  ceramics  enhanced  densification 
over  pure  Y2O3  a  study  of  the  effects  of  Eu  concentration  on  ceramic  densification, 
ceramics  was  initiated. 

Samples  were  sintered  from  starting  powders  that  contained  either  0,  0.05,  0.5,  2,  or 
5  at.%  Eu3+.  A  modified  sintering  program  was  implemented  to  simplify  the  analysis. 
This  program  included  a  high-temperature  ramp  at  constant  pressure  and  a 
pressure  ramp  at  constant,  high  temperature.  After  a  dwell  at  1150°C  to  outgas  the 
samples,  a  pressure  of  10  MPa  was  applied  to  the  samples,  followed  by  a 
temperature  ramp  at  8°C/min  to  1580°C.  After  a  30  min  dwell  at  constant 
temperature  and  pressure,  the  pressure  was  ramped  at  0.4  MPa/min  to  40  MPa. 
These  samples  were  then  soaked  at  maximum  temperature  and  pressure  for  8  hours 
to  develop  their  optical  transparency.  A  set  of  ceramics  was  also  quenched  at  three 
different  points  on  the  pressure  ramp  (0,  25,  and  40  MPa],  in  order  to  study  the 
kinetics  of  densification  and  grain  growth. 

Although  unquenched  samples  were  translucent  after  hot-pressing,  residual 
porosity  in  these  ceramics  was  further  decreased  by  hot-isostatic  pressing  (HIPing] 
at  200  MPa  under  pressurized  argon  at  1700°C  for  2  hours.  These  samples  were 
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then  annealed  in  air  at  1100°C  to  both  oxidize  Eu2+  to  Eu3+  and  to  re-introduce 
oxygen  lost  during  sintering  to  restore  stoichiometry. 

The  optical  transparency  of  the  ceramics  prepared  in  this  study  was  found  to 
increase  with  increasing  Eu  concentration  [Figure  14).  Optical  losses  were  primarily 
due  to  scattering  from  submicrometer  porosity  [Figure  I4[inset)).  Near  the  Eu3+ 
emission  wavelength,  the  optical  attenuation  of  these  samples  varies  between  7.15 
cm-1  and  1.20  cm-1.  This  trend  between  transparency  and  Eu  concentration 
indicates  the  positive  effect  that  Eu  doping  has  on  the  elimination  of  porosity  in 
Y203. 
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Figure  14:  Variation  of  in-line  optical  attenuation  at  633  nm  with  Eu  concentration,  (inset]  Scanning 
electron  micrograph  of  a  0.05  at.%  Eu:Y203  after  an  8-hr  soak  at  1580°C  in  the  hot  press,  showing 
submicrometer  porosity. 


In  addition  to  the  Eu3+  absorption  peaks  and  the  characteristic  host  band  edge  be¬ 
ginning  at  292  nm  [34],  unannealed  samples  showed  a  large  optical  attenuation  in 
the  visible  region  [Figure  I5[a)).  While  this  attenuation  cannot  be  attributed  to 
scattering  alone,  the  defect  responsible  for  the  broad-band  absorption  could  not  be 
easily  identified.  The  contributions  of  Eu2+  and  oxygen  defects  formed  in  the 
reducing  environment  during  hot-pressing  and  the  higher-energy  excitations  of  Eu3+ 
cannot  be  easily  deconvoluted  in  this  region  of  the  spectrum  [35,36].  However,  the 
observed  emission  band  centered  at  404  nm  in  the  emission  spectrum  of  the 
unannealed  sample  shown  in  Figure  15  [b)  confirms  the  presence  of  Eu2+  in 
unannealed  samples  [35,37,38].  This  emission  was  absent  in  spectra  of  air-annealed 
samples,  while  the  5D — 4F  transition  peaks  of  Eu3+  were  prominent  in  spectra  from 
both  samples  [Figure  I5[b)).  This  partial  reduction  of  Eu  to  its  divalent  state  was  a 
common  feature  of  all  unannealed  samples  that  had  been  hot-pressed  under  the 
conditions  discussed  in  this  study. 
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Figure  15:  (a)  Optical  transmission  and  (b)  emission  (AeXc  =  282  nm)  spectra  of  (i)  annealed  and  (ii) 
unannealed  5  at.%  Eu:Y203.  The  Fresnel  limit  for  transmission  through  two  smooth  parallel  surfaces 
of  undoped  Y2O3  is  81.6%  at  600  nm  and  78.8%  at  400  nm  [39],  The  emission  intensity  of  unannealed 
sample  magnified  by  x3.21  so  that  the  strongest  Eu3+  emission  peaks  corresponding  to  the  5Do — 7F2 
transition  are  displayed  with  equal  intensities  for  both  spectra. 


In  order  to  investigate  the  relationship  between  transparency  and  Eu  concentration, 
we  examined  the  differences  in  densification  rate  and  grain  growth  by  which  these 
dissimilar  levels  of  transparency  were  reached.  Figure  16  shows  the  evolution  of 
grain  size  and  relative  density  for  ceramics  of  varied  Eu  concentrations  sintered 
under  identical  processing  conditions.  The  grain  size  and  density  are  shown  to  in¬ 
crease  with  increasing  Eu  concentration.  Average  grain  sizes  for  these  ceramics  are 
given  in  Figure  17  Similar  enhancements  of  Y2O3  grain  growth  and  density  were 
observed  previously  in  conjunction  with  incremental  increases  in  concentration  of 
divalent  dopants  in  solid  solution  [40,41].  This  behavior  suggests  that  a  drag  force 
from  either  solute  segregation  or  secondary  phases  does  not  significantly  impede 
grain  boundary  mobility.  Figure  18  shows  a  TEM  image  of  a  representative  grain 
boundary  in  5  at.%  Eu:Y203,  confirming  the  absence  of  secondary  phases  at  the 
boundaries  in  this  system. 


Figure  16:  Scanning  electron  micrographs  of  (a)  undoped,  (b)  0.5  at.%,  and  (c)  5  at.%  Eu:Y203 
ceramics.  The  pictured  microstructures  are  of  hot-pressed  ceramics  sintered  at  1580°C  for  1  hr  and 
under  a  pressure  ramped  up  to  25  MPa  (without  hot  isostatic  pressing  or  annealing). 
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Figure  17:  Variation  of  average  grain  size  (n]  with  Eu  concentration  for  ceramics  processed  under 
identical  conditions,  and  variation  of  the  final  relative  density  of  ceramics  (•]  with  Eu  concentration, 
after  hot  pressing  at  1580°C  up  to  25  MPa. 


Figure  18:  TEM  image  of  typical  grain  boundary  in  Eu:Y203  ceramic,  showing  an  absence  of  a  Eu-rich 
secondary  phase  at  the  boundary. 
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To  study  any  changes  to  the  mass  transport  kinetics  during  densification  as  a 
function  of  dopant  concentration,  linear  strain  rates  were  monitored  during  hot- 
pressing.  Strain  rates  were  found  to  decrease  monotonically  with  increasing 
concentration  [Figure  19).  The  strain  rate  of  a  densifying  ceramic  will  continually 
decrease  below  its  maximum  value,  as  the  ceramic  approaches  its  end-point  density 
and  the  kinetics  for  densification  slows  due  to  reduction  of  both  the  effective  stress 
and  the  driving  force  for  pore  shrinkage  [42,43].  Because  the  strain  rates  of  these 
samples  were  observed  at  concomitant  points  in  the  program,  at  which  grain  sizes 
and  densities  vary  between  samples  [Figure  17),  the  observed  strain  rates  will  vary  in 
proportion  to  these  microstructural  parameters.  The  changes  in  grain  size  were 
found  to  only  be  dependent  on  density,  and  therefore  the  densification  rate 
decreases  with  increasing  density  in  the  range  considered  here.  This  decrease  is 
reflected  in  the  trend  in  ceramic  strain  rate  with  Eu  concentration  presented  in 
Figure  19. 


Figure  19:  Variation  of  ceramic  strain  rate  with  Eu  concentration  of  ceramics  processed  under 
identical.  The  strain  rates  reported  were  measured  at  1580°C  and  25  MPa. 


In  order  to  elucidate  the  relationship  by  which  the  densification  kinetics  vary  with 
Eu  concentration  in  Y2O3,  the  analytical  sintering  models  developed  by  Coble  [44] 
and  Helle,  et  al.  [45]  were  utilized.  Grain-boundary  diffusion  has  been  reported  to 
dominate  mass  transport  during  the  densification  of  Y2O3  ceramics  having  grain 
sizes  of  1  and  10  pm  [46,47].  Therefore,  an  analytical  model  for  grain-boundary 
diffusion-  controlled  densification  was  considered  here.  For  final  stage  densification, 
strain  rate  [e)  during  hot-pressing  may  be  described  by  the  analytically  derived 
equation  [44]: 


1  dp 
p  dt 
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where  Dg b  and  fi  are  the  grain-boundary  diffusion  and  atomic  volume  of  the  rate¬ 
controlling  species  for  densification  at  the  temperature  ( T)  and  pressure  (P) 
considered,  5gb  is  the  grain  boundary  thickness,  G  is  the  average  grain  size,  and  2y/r 
is  the  sintering  stress,  which  is  dependent  on  the  surface  energy  and  pore  radius. 
Because  the  driving  force  for  densification  under  applied  pressure  (25  MPa] 
dominates  over  the  sintering  stress  (the  sintering  stress  2y/r  can  be  estimated  to  be 
on  the  order  of  2  MPa),  the  sintering  stress  could  be  neglected  for  diffusion  constant 
calculations.  The  stress  intensification  factor  (<£)  for  densification  by  diffusional 
flow  derived  by  Helle,  et  al.  [45]  is  given  by 


— — —  2,  for  relative  densities  up  to  0.9 
ftp  ~  Po) 

(4) 

(1  -  p )1/2 

- — ,  above  0.9. 

P 


Using  Eqns.  3  and  4  and  the  strain  rates  and  grain  sizes  reported  in  Figure  17(a)  and 
Figure  19,  the  evolution  of  diffusivity  with  Eu  concentration  was  derived  for  a 
constant  temperature  and  pressure  (Figure  20).  The  grain-boundary  diffusion 
constant  was  found  to  be  dramatically  dependent  on  Eu-doping  concentration, 
varying  three  orders  of  magnitude  over  the  investigated  concentrations.  Thus,  Eu- 
doping  was  found  to  enhance  diffusion-controlled  densification. 


Figure  20:  Variation  of  calculated  effective  diffusion  constants  with  Eu  concentration.  5gbDgb 
calculated  from  experimentally  derived  ceramic  strain  rates,  grain  sizes,  and  densities. 

In  order  to  investigate  the  effect  of  introducing  Eu  in  its  divalent  state  at  the  start  of 
the  sintering  process,  Eu:Yz03  ceramics  were  formed  by  reactive  sintering  with  EuO 
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as  a  starting  material.  Samples  were  fabricated  with  doping-levels  of  0.05  and  1  at.% 
Eu.  These  samples  were  sintered  with  the  same  temperature-pressure  program  as 
Eu203:Y203  samples,  and  quenched  during  the  pressure  ramp  for  grain-size 
measurements. 

This  companion  study,  carried  out  with  EuO  as  a  Eu2+  source,  showed  that  for  a  0.05 
at.%  Eu:Y203  sample,  formed  from  mixed  EuO  and  Y203  green  bodies,  the  grain  size 
and  density  were  greater  than  those  of  0.05  at%  Eu  samples  produced  by  mixing 
with  Eu203  [Figure  2i[a)).  Calculated  diffusivity  was  found  to  be  ~6  times  greater 
than  in  samples  of  0.05  at%  Eu  from  an  Eu203  source.  When  doping  levels  reached  1 
at.%,  however,  grain  growth  was  inhibited  [Figure  2i[b)),  with  average  grain  sizes 
smaller  than  that  of  both  0.5  at.%  Eu  made  from  Eu203  and  0.05  at.%  from  EuO. 


Figure  21:  Scanning  electron  micrographs  of  (a)  0.05  at.%  and  (b)  1  at.%  Eu:Y203  sintered  from 
mixed  EuO  and  Y2O3  green  bodies. 


The  observed  enhancement  of  diffusivity  with  addition  of  EuO  as  a  Eu  source  for 
reactive  sintering  provides  additional  verification  that  the  presence  of  Eu2+ 
enhances  diffusivity  in  Y203.  Further  investigation  of  the  early  stages  of  sintering 
and  the  oxygen  equilibrium  between  EuO  and  Y203  is  needed  to  fully  understand  the 
relationship  between  the  results  obtained  for  0.05  at.%  versus  1  at.%  doping.  It  may 
indicate  a  transition  between  densification  mechanisms.  However,  the  diffusion 
enhancement  observed  for  a  low  concentration  of  Eu  [introduced  as  EuO),  when 
compared  with  the  limited  enhancements  to  diffusivity  previously  reported  for  the 
doping  of  Y203  with  isovalent  rare-earths  [46],  supports  the  choice  of  a  point  defect 
chemistry  approach  based  on  the  valence  state  of  Eu  to  evaluate  sintering  in  this 
system. 

Because  Eu2+  was  present  in  solid  solution  with  Y203  after  hot-pressing,  we 
investigated  the  reduction  of  Eu  as  a  causal  mechanism  for  diffusion  enhancement. 
At  high  enough  Eu  concentrations,  Eu2+  will  dictate  the  charge  neutrality  of  the  sys- 
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tem,  and  therefore  control  the  equilibrium  point  defect  concentrations.  While 
dopants  have  been  widely  reported  to  influence  diffusion  processes  by  modifying 
the  point  defect  concentrations  of  the  host  lattice  [48],  solid  state  sintering  aids  have 
also  been  shown  to  operate  through  a  number  of  other  mechanisms,  including: 

1.  a  change  in  the  energy  of  pore  surfaces,  leading  to  a  difference  in  the  driving 
force  for  point  defect  diffusion  away  from  pores  [46]. 

2.  lattice  distortion  that  alters  the  energy  required  to  create  a  transient 
activated  complex  at  a  saddle  point  within  the  potential  energy  surface  along 
a  diffusion  path  [49]. 

3.  a  difference  in  bond  ionicity  between  the  cationic  species  of  the  host 
compound  and  dopant  ions,  leading  to  a  change  in  the  migration  energy  of 
point  defects  [50]. 

The  effect  of  EU2O3  on  Y2O3  sintering  from  each  of  these  thermodynamic  changes  is 
discussed  in  great  detail  in  a  publication  derived  from  this  work  [51].  The  analysis 
that  is  presented  in  the  article  justifies  the  use  of  the  point  defect  chemistry  model 
to  interpret  the  way  in  which  Eu  operates  as  a  sintering  aid. 


In  another  set  of  experiments,  thermo-mechanical  analysis  was  performed  while 
heating  Y2O3  samples.  It  was  carried  out  under  varied  oxygen  partial  pressures.  This 
study  was  used  to  verify  the  dominance  of  yttrium  interstitial  diffusion  on  the 
densification  of  Y2O3  [46,47,52,53]  (see  Figure  22).  The  densification  rates  of  these 
undoped  ceramic  samples  were  monitored,  while  sintering  in  Ar-Ch  atmospheres. 
Grain  sizes  were  measured  on  these  samples,  which  were  quickly  cooled  to  room 
temperature.  The  calculated  diffusion  coefficients  were  found  to  have  a  negative  log- 
linear  relationship  with  a  slope  of  0.27  ±  0.04.  Because  the  concentration  of  yttrium 
interstitials  in  Y2O3  is  proportional  to  the  oxygen  partial  pressure  to  the  -1/4  power 
(compare  Figure  22  to  Eqns.  5  and  6],  yttrium  interstitials  were  found  to  be  the  rate- 
limiting  diffusion  mechanism  for  densification  in  this  study  as  well. 
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where  Kf,  Kaf,  and  Ks  are  the  mass  action  constants  for  cation  Frenkel,  Schottky,  and 
anion  Frenkel  defect  formation  (reactions  defined  in  Eqns.  7-9].  and  are 

the  reduction  and  oxidation  constants  for  the  reactions  in  Eqns.  A.II.8  and  A.II.9.  pQ 
is  the  oxygen  partial  pressure  in  the  sintering  atmosphere. 
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null  **  Y’”  +  V; 
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null  **  3V"  +  2V ; 

[8) 

null  **  Vo  +  Or 

[9) 

in  a  reducing  environment: 

null Vq  +  2e’  +  ^02 

[10) 

in  an  oxidizing  environment: 

-02*+  0’  +  2h' 

2 

[11) 

Changes  to  yttrium  interstitial  concentrations  impact  ceramic  densification  by 
altering  the  effective  diffusivity  of  the  material.  The  incorporation  of  Eu2+  into  Y2O3 

introduces  a  proportional  concentration  of  oxygen  vacancies,  which  in  turn  affects 
the  equilibrium  yttrium  interstitial  concentration  according  to  the  defect 
equilibrium  of  the  system  (Eqns.  7  and  8).  We  adopted  a  charge  neutrality  condition 

controlled  by  Eu^  concentration  [Eqn.  12)  [54],  because  the  Eu  doping 

concentration  was,  in  our  experiments,  far  higher  than  the  intrinsic  oxygen  vacancy 
concentration — only  ~5  x  10~7  in  Y2O3  at  a  low  oxygen  partial  pressure  of  10~12  [46]. 


2EuO  Yj£l  >2 EuY'  +  20 l  +  Vo  [12) 

From  the  defect  equations  and  the  charge  neutrality  condition  postulated  here,  and 
with  binding  energy  for  dopant-vacancy  complexes  being  negligible  compared  with 
the  thermal  energy,  we  derived  a  relation  between  yttrium  interstitial  concentration 
and  the  concentration  of  divalent  Eu  substitutional  defects  given  by: 
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Figure  22:  Grain  boundary  diffusion  constants  for  undoped  Y2O3  sintered  in  atmospheres  with 
different  oxygen  partial  pressures.  Diffusion  constants  were  calculated  from  ceramic  densification 
data.  The  slope  of  — 1/4  is  consistent  with  yttrium  interstitial  diffusion  as  the  rate-limiting  diffusion 
mechanism. 


In  general,  for  an  interstitial-controlled  diffusion  mechanism,  as  is  the  case  for  the 
diffusion-controlled  densification  of  Y2O3  considered  here,  the  effective  diffusion 
constant  of  the  material  is  linearly  proportional  to  the  interstitial  concentration,  as 
is  restated  in  Eqn.  14.  Eqns.  14  and  15  also  express  the  relationship  between  grain 
boundary  diffusivity  and  self-diffusion  of  point  defects  and  the  atomistic  properties 
on  which  self-diffusion  depends. 

Dgb  =  XdefgbD0  exp(-AG  /  kT)  (14) 

A.  =  fa2  zv o  (15) 

where  Xdef,gb  is  the  mole  fraction  of  grain  boundary  diffusion-controlling  defects,  Do 
is  the  temperature-independent  prefactor  of  the  self-diffusion  coefficient,  A G  is  the 
activation  energy  for  diffusion.  /  is  the  correlation  coefficient  between  sequential 
jump  directions,  a  is  the  jump  distance,  z  is  the  number  of  sites  adjacent  to  the 
defect,  and  vo  is  the  jump  attempt  frequency.  The  dependence  of  these  parameters 
on  interstitial  ion  concentration  in  Y2O3  is  discussed  in  a  publication  based  on  this 
work  [51],  which  concludes  that  the  grain-boundary  diffusion  constant  of  Eu:Y203 

will  be  linearly  proportional  to  [Y/”]  and  proportional  to  [ EuY ']  to  the  3/2  power. 

The  exact  concentration  of  Eu2+  in  our  ceramics  could  not  be  measured,  because  of 
the  absence  of  data  on  the  oscillator  strength  of  Eu2+  in  Y2O3  and  the  difficulty  of 
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differentiating  ionic  states  of  a  low  concentration  dopant  ion  in  polycrystalline 
materials.  Therefore,  we  defined  a  relationship  between  the  overall  concentration  of 
Eu  introduced  into  the  samples  at  the  start  of  sintering  [i.e.,  [Eu]]  and  diffusion 
coefficients.  With  the  high  reduction  potential  of  Eu3+  in  Y2O3  [compared  to  other 
defect  creation  processes  in  a  reducing  environment]  [55],  higher-order 

dependencies  of  [ EuY ']  on  total  Eu  concentration  may  be  neglected,  and  [^’”]  can  be 
directly  associated  with  the  initial  Eu  doping  concentration. 

Grain-boundary  diffusion  constants  are  plotted  against  total  Eu  doping 
concentrations  in  Figure  23.  A  log-linear  relationship  was  observed,  having  a  power- 
law  relation  of  1.46  ±  0.08.  This  is  in  good  agreement  with  the  expected  value  of  1.5 
[see  Eqn.  13]. 


log(Eu  Concentration  (at%)) 


Figure  23:  Experimental  effective  diffusion  constant  versus  Eu  concentration  with  log-linear  fit  and 
slope  predicted  by  defect  chemistry  diffusional  flow  sintering  model. 


In  summary,  based  on  the  strong  agreement  between  experimentally-derived 
diffusion  data  and  the  defect  chemistry  model  proposed  here,  the  reduction  of  Eu 
during  hot-pressing  appears  to  control  the  changes  in  diffusivity  observed  between 
samples  with  varied  Eu  doping  concentration.  When  coupled  with  the  observations 
that  end-point  density  was  reached  sooner  for  higher  Eu  concentrations  [and  higher 
yet  when  using  Eu2+  in  the  starting  material  instead  of  Eu3+]-  and  that  the  ultimate 
transparency  increased  with  increased  Eu  concentration,  it  was  clear  that  Eu  acts  as 
a  solid-state  sintering  aid  in  Y2O3  through  changes  to  the  ionic  diffusivity  of  the 
ceramic  system. 
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Densification  of  Rare-Earth  Doped  Y2O3  Ceramics 


While  the  previous  section  showed  that  Eu  serves  as  a  sintering  aid  when  partially 
reduced  in  the  hot-pressing  environment,  others  have  reported  increased 
transparency  in  bixbyite  optical  ceramics  by  co-doping  with  isovalent  rare-earths, 
particularly  Gd  [56-58].  A  study  of  the  grain  growth  kinetics  in  isovalent  rare-earth 
doped  Y2O3  ceramics  also  showed  enhanced  grain  boundary  mobility  during 
sintering  in  air  [46].  In  these  cases,  the  final  ceramic  density  cannot  be  explained  by 
the  reduction  of  an  ionic  species  that  controls  the  point  defect  chemistry  of  the 
system.  Improvements  in  densification  upon  doping  with  isovalent  ions  that  form 
solid  solutions  with  their  matrix  compound  have  previously  been  attributed  to 
either  solute  drag  [59,60]  or  increased  ionicity  of  bonding  with  anions  [50]. 
However,  isovalent  dopants  may  also  modify  equilibrium  point  defect 
concentrations  of  the  host  material  [61-65],  thereby  changing  its  diffusivity. 

In  this  part  of  the  study,  the  densification  of  Y2O3  using  five  different  rare-earth 
oxide  dopants  (SC2O3,  EU2O3,  Gd203,  Yb203,  and  LU2O3)  was  investigated.  When  fully- 
oxidized,  they  are  isovalent  with  Y3+.  Sintering  studies  were  carried  out  in  both  a 
vacuum  and  air  atmosphere.  Two  of  these  dopants  [Eu  and  Yb)  are  multivalent  and 
adopt  a  2+-valency  in  oxygen-deficient  environments.  Thermal  mechanical  analysis 
was  used  to  measure  the  contraction  of  the  ceramics  during  sintering.  The 
dependence  of  grain  size  on  sintering  temperature  and  time  was  also  measured. 
Effective  diffusion  coefficients  were  calculated  from  these  densification  rates  and 
grain  sizes,  according  to  a  similar  method  as  was  described  in  the  previous  section. 

The  calculated  grain  boundary  diffusion  coefficients  are  presented  in  Figure  24.  Three 
distinct  regimes  were  observed:  [1]  ceramics  with  rare-earth  dopants  sintered  in 
air,  (2)  ceramics  with  isovalent  rare-earth  dopants  [Sc,  Lu,  Gd,  undoped]  sintered  in 
vacuum,  [3]  ceramics  with  2+/3+-multivalent  rare-earth  dopants  [Yb,  Eu]  sintered 
in  vacuum.  The  enhanced  densification  of  Y2O3  doped  with  Yb  sintered  in  vacuum 
may  be  attributed  to  the  same  effect  observed  for  Eu-doped  samples.  The  higher 
calculated  diffusion  coefficients  for  ceramics  sintered  in  vacuum  compared  to  those 
sintered  in  air  may  also  be  attributed  to  a  higher  concentration  of  oxygen  vacancies 
and  therefore  yttrium  interstitials,  as  discussed  in  the  previous  section. 
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Figure  24:  Experimental  effective  diffusion  constants  of  rare-earth  doped  Y2O3  sintered  in  either 
vacuum  (•]  or  air  (n]  compared  to  dopant  ionic  radii  in  their  3+-valency  states  with  a  6-fold 
coordination. 


As  discussed  in  the  previous  section,  solid  state  sintering  aid  effects  have  been 
variously  attributed  to:  (1]  an  increase  in  the  defect  concentration,  (2]  an  increase 
ionicity  of  bonding  leading  to  increased  ease  of  defect  migration,  and  (3)  a  decrease 
in  the  mobility  of  grain  boundaries  due  to  solute  drag.  Because  the  grain  size 
increased  for  all  doped  samples,  compared  to  the  undoped  samples,  solute  drag  on 
the  grain  boundaries  did  not  appear  to  have  occurred  in  the  doped  ceramics. 
Therefore,  we  compared  calculated  diffusivities  to  chemical  properties  of  the  dopant 
ions  that  are  related  to  the  other  two  effects,  in  order  to  identify  which  parameters 
were  most  significant  to  calculated  diffusivities. 

Figure  25  compares  the  calculated  diffusion  coefficients  of  ceramics  sintered  in  air 
with  different  rare-earth  ion  chemical  properties,  such  as  ionic  radii,  the  energy 
levels  of  the  5 d  orbitals  of  isolated  ions  with  respect  to  the  conduction  band 
minimum  (CBM)  of  Y2O3,  the  electronegativities  with  respect  to  that  of  oxygen  (xo  - 
XRE-related  to  the  bond  ionicity  [66,67]),  and  the  calculated  cation  Frenkel  defect 
formation  energies.  We  have  considered  properties  that  affect  the  structure  of  the 
crystal  lattice  (lattice  distortion  and  creation  of  point  defects)  and  those  that  affect 
the  bonding  of  ions  and  define  their  ionic  character. 
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Figure  25:  Experimental  effective  diffusion  constants  of  1  at.%  rare-earth  doped  Y2O3  sintered  in  air 
compared  to  different  rare-earth  chemical  properties,  including  (a]  ionic  radii,  [b]  energy  levels  of  5 d 
orbitals,  [c]  cation  Frenkel  defect  energy  in  pure  rare-earth  sesquioxide,  and  (d]  electronegativity. 


In  Figure  25(a)  and  (c),  there  is  a  relationship  between  diffusion  coefficients  for 
densification  and  both  ionic  radii  and  the  formation  energies  of  cation  Frenkel 
defects  in  the  pure  sesquioxides  of  the  dopant  ions.  We  did  not  observe  a 
relationship  between  effective  grain  boundary  diffusion  coefficients  and  bond 
ionicity,  however  (see  Figure  25(b)  and  (d)).  For  an  asymmetric  lattice  distortion,  the 
dopant  radius  is  linearly  proportional  to  the  volume  change  in  the  lattice,  and 
therefore  exponentially  proportional  to  the  yttrium  interstitial  defect  concentration, 
according  to  the  relationship  [68,69]: 


X  «  X0 exp 

\ 


-oXV h  \ 
kT  ) 


(16) 


where  Xo  is  the  initial  concentration  of  defects  in  a  stress-free  system,  a  is  the 
internal  stress  field  near  the  defect  from  the  dopant,  and  A Vf  is  the  relaxation 
volume  of  the  defect. 


Therefore,  the  relationships  in  Figure  25  are  consistent  with  a  model  for  a  solid  state 
sintering  aid  that  acts  to  either  affect  or  control  the  defect  chemistry  of  the  system, 
and  thereby  enhances  its  ceramic  densification.  It  also  shows  that  the  migration 
energy,  which  is  in  part  related  to  the  bond  ionicity  [50],  is  not  the  most  significant 
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driver  of  enhanced  densification  even  for  isovalent  dopants,  as  was  discussed  in  the 
previous  section  for  Eu. 

Thus,  other  rare-earth  ions,  including  those  that  were  both  isovalent  and  aliovalent, 
were  also  found  to  act  as  sintering  aids  in  Y2O3.  We  observed  a  relationship  between 
calculated  grain  boundary  diffusion  coefficients  and  valence  state,  ionic  radius  and 
cation  Frenkel  defect  formation  energy.  At  the  same  time,  the  sintering  action  of 
these  additives  could  not  be  attributed  to  bond  ionicity,  as  has  been  previously 
suggested  by  other  studies  of  additives  in  AI2O3.  Therefore,  to  identify  additives  that 
may  benefit  the  densification  of  ceramics,  the  diffusion  mechanism  that  controls 
densification  and  the  effect  that  inclusion  of  additives  has  on  the  thermodynamics  of 
defect  formation  are  particularly  important.  Further  investigation  on  the  effects  of 
multivalencies  and  the  interaction  between  dopants  and  host  lattice  defects  will 
advance  efforts  to  optimize  ceramic  processing  for  improved  optical  performance. 


Scintillation  Characterization 


Effect  of  Grain  Size  and  Processing  on  Light  Yield  in  Eu:Y2(>3  Transparent 
Ceramics 

Sets  of  transparent  5  at.%  Eu-doped  ceramics  were  processed  under  varied 
conditions  in  order  to  control  particular  materials  parameters.  These  ceramics  were 
sintered  step-  wise  from  mixed  oxide  powders,  HIPed,  and  air  annealed,  using  the 
optimized  step-wise  process  discussed  earlier.  Grain  size  was  varied  between  5  and 
250  pm  by  varying  the  hot-pressing  temperature  at  which  ceramics  were  sintered 
[between  1400°C  and  1700°C).  In  order  to  investigate  the  effect  of  a  temperature 
treatment  on  light  yield,  ceramics  hot-pressed  under  identical  conditions  [at 
1500°C)  were  HIPed  at  varied  temperature  between  1500°C  and  1800°C  for  2 
hours.  Finally,  a  set  of  ceramics  was  hot-pressed  and  HIPed  under  identical 
conditions  and  then  air  annealed  at  1150°C  for  different  lengths  of  time  between  0 
and  96  hours.  This  was  in  order  to  produce  different  overall  oxygen  concentrations 
in  the  ceramics.  Table  3  lists  the  processing  conditions  for  the  samples 
characterized  in  this  study. 


Table  3:  Processing  Conditions  for  Eu:Y203  Ceramics 


Sample 

HP  Temp. 
(°C) 

HIP  Temp. 
fC) 

Anneal 
Temp.  (°C) 

Anneal 
Time  (hrs.) 

1A* 

1400 

1700 

1150 

16 

2A* 

1500 

1700 

1150 

16 

3A 

1550 

1700 

1150 

16 

4A* 

1600 

1700 

1150 

16 

5A 

1650 

1700 

1150 

16 

6A* 

1700 

1700 

1150 

16 
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IB 

1400 

1700 

1150 

48 

2B 

1500 

1700 

1150 

48 

3B 

1550 

1700 

1150 

48 

4B 

1600 

1700 

1150 

48 

5B 

1650 

1700 

1150 

48 

6B 

1700 

1700 

1150 

48 

1C 

1400 

1700 

1150 

96 

2C 

1500 

1700 

1150 

96 

3C 

1550 

1700 

1150 

96 

4C 

1600 

1700 

1150 

96 

5C 

1650 

1700 

1150 

96 

6C 

1700 

1700 

1150 

96 

ID 

1500 

1500 

1150 

16 

2D 

1500 

1600 

1150 

16 

3D 

1500 

1700 

1150 

16 

4D 

1500 

1800 

1150 

16 

IE 

1600 

— 

-- 

0 

2E 

1600 

1700 

— 

0 

3E 

1600 

1700 

1150 

8 

4E 

1600 

1700 

1150 

16 

5E 

1600 

1700 

1150 

24 

6E 

1600 

1700 

1150 

36 

7E 

1600 

1700 

1150 

48 

8E 

1600 

1700 

1150 

72 

9E 

1600 

1700 

1150 

96 

IF 

1700 

— 

— 

0 

2F 

1700 

1700 

— 

0 

3F 

1700 

1700 

1150 

8 

4F 

1700 

1700 

1150 

16 

5F 

1700 

1700 

1150 

24 

6F 

1700 

1700 

1150 

36 

7F 

1700 

1700 

1150 

48 

8F 

1700 

1700 

1150 

72 

9F 

1700 

1700 

1150 

96 

1G 

1600 

1700 

1050 

16 

2G 

1600 

1700 

1100 

16 

3G 

1600 

1700 

1150 

16 

4G 

1600 

1700 

1200 

16 

5G 

1600 

1700 

1250 

16 

6G 

1600 

1700 

1300 

16 

Integrated  X-ray  Radioluminescence  Intensity 
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Figure  26:  XRL  intensity  of  ceramics  [a]  hot-pressed  at  varied  temperatures,  [b]  HIPed  at  varied 
temperatures,  [c]  air  annealed  for  varied  times,  and  [d]  with  different  grain  sizes  obtained  through 
hot-pressing  at  varied  temperature. 


Figure  26  shows  the  light  yield  of  the  Eu:Y203  ceramics  as  a  function  of  (1)  hot-  press 
temperature,  (2)  HIP  temperature,  (3)  air  anneal  time,  and  (4)  grain  size.  Two 
significant  trends  were  observed:  (1)  light  yield  decreased  with  increasing  grain 
size,  against  previously  reported  trends  [2],  and  (2)  the  effect  of  air  annealing  time 
dominated  over  grain  size  variation  in  the  range  studied  here.  It  should  be  noted 
that  the  four  variables  presented  in  Figure  26  on  which  light  yield  was  dependent 
may  not  be  independent  of  each  other.  In  particular,  hot-press  temperature  was 
used  to  vary  grain  size. 

In  order  to  interpret  the  results  in  Figure  26,  we  first  identified  which  scintillation 
regimes  were  affected  by  the  varied  processing  parameters.  Although  the 
conversion  regime  is  significant  to  the  scintillation  process,  it  should  not  be  affected 
by  microstructure  and  defects,  so  additional  characterization  focused  on  the 
migration  and  recombination  regimes,  as  well  as  the  collection  of  light  after  it  was 
produced  in  the  material. 

Optical  characterization  was  carried  out  on  the  set  of  four  samples  with  varied  grain 
size  obtained  through  hot-pressing  at  1400,  1500,  1600,  and  1700°C.  In-line  optical 
transmission  of  samples  varied  between  43  and  77%  at  611  nm  (Figure  27(a)); 
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nevertheless,  all  samples  were  still  highly  transparent  (see  Figure  28).  The  Eu3+ 
emission  peaks  in  the  XRL  spectra  were  not  shifted  with  respect  to  each  other,  while 
the  Eu3+  absorption  peaks  were  red-  shifted  in  the  transmission  spectra  of  the  less- 
transmissive  samples  (Figure  27(b)).  If  optical  scattering  were  to  have  caused  the 
differences  in  measured  light  yield  between  samples,  a  blue  shift  in  the  detected 
emission  peaks  would  be  observed.  Since  no  such  shift  is  present — although  optical 
transmission  varied  between  the  set  of  samples  with  varied  grain  size — the 
variations  in  light  yield  observed  for  these  samples  did  not  originate  from 
differences  in  light  collection.  This  is  not  surprising  because  the  differences  in 
optical  transmission  were  not  large  in  an  absolute  sense,  and  the  light  collection 
optics  on  the  XRL  detection  system  were  wide.  Samples  produced  using  different 
HIP  temperatures  and  air  annealing  times  (except  for  the  unannealed  sample)  did 
not  vary  in  optical  transmission. 


Figure  27:  (a)  In-line  optical  transmission  and  (b)  XRL  spectra  under  50  keVp  excitation  of  5  at.% 
Eu:Y203  ceramics  hot-pressed  at  varied  temperatures. 


Figure  28:  Ceramic  samples  of  Eu:Yz03  hot-pressed  with  increasing  temperatures  and  with 
increasing  grain  sizes  from  left  to  right  under  ultraviolet  irradiation.  The  far  left  sample  is 
unannealed. 
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Because  the  trend  in  light  yield  does  not  arise  from  the  light  collection, 
recombination  or  conversion  regimes,  losses  must  occur  during  the  migration 
processes.  Migration  is  affected  by  trapping  or  non-radiative  recombination  at 
defect  levels.  The  processing  parameters  that  were  varied  in  this  study  may  have 
affected  the  concentration  and  type  of  traps  by  varying:  (1)  the  concentration  of 
additional  electronic  levels  associated  with  abrupt  grain  boundaries,  [2)  the 
concentration  of  point  defects  in  the  bulk  of  the  grains,  and/or  [3)  the  overall 
oxygen  defect  concentration  through  diffusion  from  the  air  atmosphere.  Because  the 
light  yield  is  inversely  related  to  grain  size,  the  first  case  must  not  have  been  the 
origin  of  this  trend,  and  grain  boundary  levels  did  not  dominate  the  effect  on  light 
yield. 

In  order  to  investigate  whether  the  hot-press  temperature  used  to  vary  grain  size 
had  an  effect  on  the  overall  point  defect  concentration  by  changing  the  formation 
rate  of  defects  that  may  have  been  quenched  into  the  ceramic  grains,  the  effect  of 
varying  HIP  temperature  of  samples  hot-pressed  and  annealed  under  the  same 
conditions  was  studied.  The  final  grain  sizes  of  these  samples  were  found  to  be 
relatively  constant.  This  temperature  treatment  at  constant  grain  size  was  found  to 
have  no  effect  on  light  yield  [Figure  26[b)).  Therefore,  the  variation  in  light  yield  with 
hot-press  temperature  is  directly  correlated  with  grain  size,  and  only  incidentally 
correlated  with  temperature.  In  addition,  the  effect  on  charge  carrier  migration 
originated  from  the  differences  in  the  overall  defect  concentration  after  air 
annealing  between  samples  with  different  grain  sizes.  While  this  qualitative  analysis 
of  the  light  yield  data  allowed  us  to  narrow  down  the  effect  of  grain  size  to  a  single 
mechanism,  we  were  able  to  relate  grain  size  to  the  measured  light  yield  based  on  a 
charge  carrier  trapping  model  and  a  model  for  oxygen  in-diffusion,  according  to  the 
quantitative  analyses  described  the  follow  two  subsections. 


Thermoluminescence  and  Trapping  Model 

The  actual  depth  and  concentration  of  traps  in  the  ceramics  identified  by  a  in 
Table  3  were  measured  by  thermoluminescence  spectroscopy  [TLS).  Oxygen 
annealing  was  found  to  decrease  the  concentration  of  deep  traps  in  the  ceramics 
[see  Figure  29).  These  traps  must  decrease  in  number  due  to  the  re-introduction  of 
oxygen  into  the  material,  and  therefore  are  likely  related  to  oxygen  vacancy 
concentration.  Oxygen  vacancies  serve  as  deep  electron  traps  in  Y2O3  [70],  and  thus 
may  compete  with  electron  trapping  on  Eu3+. 
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Figure  29:  Thermoluminescence  (TL)  spectra  of  annealed  (blue)  and  unannealed  (red)  Eu:Y203 
ceramics  after  y-irradiation  at  4K.  The  time  scale  at  the  top  of  the  plot  identifies  first-order 
detrapping  times. 


In  order  to  identify  the  origin  of  trapping  states  associated  with  air  annealing,  an 
unannealed  and  an  annealed  ceramic  were  characterized  by  electron  paramagnetic 
resonance  (EPR)  spectroscopy  after  X-ray  irradiation  (60  kV,  30  mA)  for  20  minutes 
at  77K.  Figure  30  shows  the  X-ray  induced  EPR  spectra  of  an  annealed  and  an 
unannealed  Eu:Y203  sample.  The  hyperfine  structure  observed  around  g  =  2  is 
indicative  of  electrons  trapped  at  oxygen  vacancies  near  a  yttrium  ion  and  holes 
trapped  at  yttrium  vacancies  defects  [71,72].  The  differential  intensity  of  the 
microwave  absorptions  identified  as  an  electron  trapped  at  an  oxygen  vacancy  (on 
either  side  of  g  =  2)  decreased  after  air  annealing. 
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Figure  30:  X-ray  induced  EPR  spectra  of  [a]  annealed  and  [b]  unannealed  Eu:Y203  ceramics. 
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The  kinetics  of  scintillation  are  strongly  dependent  on  the  concentration  and  depth 
of  traps  [73].  For  a  single  electron  trap, 


dn 

—  s  0  =  /  -  npAr  -  n(Ntrap  -  nt)At  +  nntAdt 
dp 

—  so  =  f-npArnpAdt 
dt 


dt  *°-AW*»< 


(17) 


N 

where  p  and  n  are  the  concentrations  of  free  holes  and  electrons,  respectively,  >  is 
the  concentration  of  excited  Eu  ,  Ntmp  is  the  concentration  of  traps,  n,  is  the 
concentration  of  trapped  electrons,  t  is  time, /is  the  generation  rate  of  electron-hole  pairs, 
Ar  is  the  recombination  rate  of  electron-hole  pairs,  A,  and  Acu  are  the  trapping  and 
detrapping  rate  of  electrons  at  the  trap,  and  xr  is  the  relaxation  rate  of  (Eu3+)*. 


Light  yield  may  also  have  a  strong  dependence  on  trap  concentration: 


LO / (time*  volume)  =  N(EuU),xr  1  =npAr 

_  _ PArf _ 

P\  +  (N,rap  ~  n,)A,  -  nAl, 


For  p  =  n  +  nt  [18) 

and  Ntrap  ~  ~  0, 


(n  +  nf)Ar/ _ AJn  +  Arfn, 

Ar(n  +  nt)-ntAdt  Arn  +  (Ar  -  Adt)nt 


Using  this  simplified  model  of  the  effect  of  a  single  trap  state  on  light  yield,  the  trend 
in  integrated  XRL  intensity  with  air  anneal  time  was  evaluated.  If  the  increase  in 
light  yield  with  air  anneal  time  were  caused  by  the  decrease  in  deep-trap 
concentrations  observed  in  the  TLS  glow  curves,  then  there  should  be  a  strong 
relationship  between  the  concentration  of  trapped  electrons  and  the  kinetics  of 
oxygen  diffusion  into  EmYzCh  ceramics. 

The  earliest  (and  simplest)  analytical  models  for  grain  boundary  diffusion  of  atomic 
species  relied  on  a  picture  of  the  boundary  as  a  narrow  region  with  high  diffusivity 
sandwiched  between  two  semi-infinite  crystals  with  lower  diffusivity  (see  inset  in 
Figure  31  for  schematic)  [74-76].  All  solutions  to  these  “bi-crystal"  models  were 
based  on  the  set  of  equations: 
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(19) 


dC(x,y,t) 

dt 

dC'(x,y,t ) 


=  DLW2C(x,y,t ) 


dt 


=  DgbS72C'(x,y,t ) 


and  the  boundary  conditions: 

C'(x,8/2,t)  =  C(x,5/2,t) 


(20) 


D  dC'(x,d/2,t)  =D  dC(x,8/2,t)  ™ 

gb  dx  L  dx 

C(0,y,t)  =  C0 

where  C  and  C '  are  the  concentration  of  the  diffusing  species  in  the  crystals  and  the 
boundary  region,  respectively,  Dl  and  Dab  are  the  lattice  and  grain  boundary 
diffusion  constants  of  the  diffusing  species  in  the  bi-crystal  material,  5  is  the  grain 
boundary  thickness,  Co  is  the  constant  species  concentration  of  the  source,  and  t  is 
linear  time  from  the  start  of  diffusion,  x  and  y  are  Cartesian  positions  in  two- 
dimensional  space,  where  x  =  0  is  at  the  interface  between  the  bi-crystal  and  the 
source  andy  =  0  is  at  the  center  of  the  grain  boundary. 


For  this  system,  Levine,  et  al.  [77]  and  Le  Claire  [78]  derived  an  analytical 
expression  for  the  1/e  drop-off  penetration  depth  (kp),  given  by: 


kp  = 


(4  DlT 


0.66 


W 


-3/5 


\DgbSgb  jj 


*0.3 


(22) 


where  6 9b  is  the  grain  boundary  thickness  and  t  is  the  diffusion  time.  Combining 
Eqns.  18  and  22  gives  a  semi-power  law  relationship: 


LO  = 


A-Btc 
F  -tc 


(23) 


with  generic  coefficients  A,  B,  and  F,  which  are  dependent  on  the  diffusion  and 
charge  carrier  rate  coefficients.  A  fit  to  the  light  yield  of  the  ceramics  that  were  hot- 
pressed  at  1600°C,  HIPed  at  1700°C  and  air  annealed  for  different  times,  using  Eqn. 
23,  generated  an  exponent  for  light  yield  versus  time  of  0.334  ±  1.7E-4.  Samples  that 
were  not  air  annealed  showed  a  broad  absorption  in  the  visible,  which  likely  caused 
re-absorption  of  the  emitted  light,  thus  attenuating  light  yield  considerably  more 
than  that  caused  by  trapping  alone.  Therefore,  this  ceramic  was  excluded  from  the 
fit.  The  other  coefficients  are  listed  in  Table  4,  and  are  physically  realistic.  The 
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parameters  were  calculated,  using  a  least  squared  fit  minimized  by  the  Levenberg- 
Marquardt  algorithm.  Parameters  were  bounded  within  realistic  values  in  order  for 
the  fit  to  converge.  The  x2  of  the  fitted  function  was  0.0188. 

The  similarity  between  our  experimentally  derived  coefficient  of  0.334  and  the 
coefficient  0.3  of  the  model  implies  a  relationship  between  the  light  yield  and  the 
diffusion  of  oxygen  into  these  ceramics.  Therefore,  the  observed  trend  in  grain  size 
could  arise  from  the  lower  concentration  of  grain  boundaries  available  in  ceramics 
with  larger  grains,  which  results  in  longer  times  to  reach  thermodynamic 
equilibrium. 

80000 


0  60000 
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10  20  30  40  50 
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Figure  31:  Fit  of  XRL  intensity  with  varied  air  anneal  time  based  on  the  LeClaire  model  for  oxygen 
diffusion  distance.  A  schematic  of  diffusion  into  the  semi-infinite  bicrystal  described  by  the  LeClaire 
model  is  shown  in  the  inset. 


The  similarity  between  our  experimentally  derived  coefficient  of  0.334  and  the 
coefficient  0.3  of  the  model  implies  a  relationship  between  the  light  yield  and  the 
diffusion  of  oxygen  into  these  ceramics.  Therefore,  the  observed  trend  in  grain  size 
could  arise  from  the  lower  concentration  of  grain  boundaries  available  in  ceramics 
with  larger  grains,  which  results  in  longer  times  to  reach  thermodynamic 
equilibrium. 
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Table  4:  Fit  Parameters  for  Model  for  Light  Yield  of  Air  Annealed  Ceramics 


Parameter 

Value 

Notes 

Am 

A,  \ 

fn 

3.50  x  105 

A  should  be  105  -  106  x  F 

K  \  ~  A dt  ) 

\ 

0.66  ' 

\Dgb^gb , 

\  -3/5 

/ 

B  = 

\  ' 

f 

1.6  x  105 

(  A  ) 

Ar  ..j 

y.  A  "  Ad,  t 

[  \  -  A dt ) 
f~  122,600  pairs/cm3s 

F  = 

K  ) 

n 

0.801 

A-  BF 

(  Ar  ^ 

Ia  -aJ 

v  A  -  A*  / 

Wr 

V 

0.66  ^ 

Dgb&gb , 

v  -3/5 

/ 

Model  of  Oxygen  Diffusion  and  Light  Yield 


The  diffusion  of  oxygen  into  Eu:Y203  ceramics  is  dependent  not  only  on  air 
annealing  time  [as  was  described  by  the  model  above),  but  also  grain  size.  If  the 
observed  dependence  of  light  yield  on  grain  size  were  to  originate  from  a  difference 
in  the  overall  concentration  of  oxygen-dependent  traps  in  the  ceramics,  we  should 
be  able  to  predict  this  relationship  using  an  ionic  diffusion  model  that  considers 
grain  size  as  a  parameter.  The  normalized  uptake  coefficient  (NUC)  [<M>)  describes 
the  fraction  of  filled  sites  in  a  single-body  inside  a  bath  of  ionic  species  according  to 
the  ratio  [79,80]: 


(■ M(R,t,T )> 


J/jfcv  ,t,T)dV 

_ v _ 

fff  C(r,oo,T)dV 

V 


[24) 


where  C[r,t,7)  is  the  concentration  of  species  at  a  radial  position  r  from  the  center  of 
an  object  with  radius  R  at  time  t  and  temperature  T.  V  is  the  volume  of  the  object. 

Because  the  ionic  diffusion  of  species  into  the  grain  from  an  infinite,  homogenously- 
mixed  bath  at  concentration  Co  into  an  object  with  radius  R  satisfies  Fick’s  second 
law, 


dC 

dt 


DLW2C(r,t) 


[25) 
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2  1  d 

where  Dl  is  the  lattice  diffusion  coefficient  of  the  object  and  V  =—r — 

r  dr 

spherical  coordinate  system  with  only  radial  concentration  variation. 


dr 


in  a 


For  the  boundary  conditions: 
C(R,t>O)  =  C0 

C(0<r<R,t  =  0)  =  Cl 


The  solution  to  Eqn.  24  can  be  written  as: 


C(r,t)-C,  ,  2«v(-l)“  •  (nnr\ 

- L  =  l  +  — > - sin 

C0-Cl  Jtr  n 


/ 


\  R 


1 


exp 


DLn2Jt2t\ 


R1 


[26) 

[27) 


[28) 


A  more  accurate  model  for  the  diffusion  of  species  may  be  derived  from  the  object- 
bath  model  with  a  variable  concentration  of  species  in  the  bath.  For  this  case,  the 
concentration  profile  is  given  by: 


CAr,t)-Cx  = 


2dl  v(-fr 


rR  ,  n 

n=  1 


exp 


1  DLn27i2tX 


R2 


njrsin 


/ 


njrr 


\  R 


/o'eXP 


DLn27 r2Ax 


R2 


(p(k)dk 


[29) 


oo  j 

m  =  {M{R,t,T))gb=  1-42-^exp 

n=  1  P 


(30) 


where  (Bn  is  the  nth  zero  of  the  zeroth-order  Bessel  function  of  the  first  kind,  such 
that  Jo[(3n)  =  0. 

Numerical  solutions  to  29  and  30  were  calculated  for  grain  sizes  and  anneal  times  of 
ceramics  processed  in  this  study.  The  oxygen  lattice  diffusion  coefficient  used  for 
these  calculations  was  based  on  literature  values  from  diffusion  studies  in  Y2O3 
single-crystals  [81,82].  While  the  self-diffusion  coefficient  of  oxygen  in  Y2O3  is  quite 
low  (on  the  order  of  10-12  [82]),  and  its  high-temperature  ionic  conductivity  is 
limited  [83,84],  cubic  Y2O3  can  accommodate  a  large  oxygen  non-stoichiometry  [85] 
that  can  significantly  enhance  the  in-diffusion  of  oxygen  from  an  oxygen-rich 
atmosphere.  Because  our  experiments  rely  on  air  annealing  to  reintroduce  oxygen 
into  our  ceramics,  the  relationship  between  lattice  diffusion  and  temperature 
experimentally  determined  by  Berard,  et  al.  [81]  was  used  to  calculate  oxygen  lattice 
diffusion  coefficients  for  our  model.  The  value  of  this  coefficient  for  1150°C  was  5.9 
x  10-9  cm2/s. 

The  oxygen  grain  boundary  diffusion  coefficient  ( Dgb )  was  determine  from  oxygen 
diffusion  experiments  in  the  5  at.%  Eu:Y203  ceramic  sample  hot-pressed  at  1700°C. 
Ceramics  were  air  annealed  at  1150°C,  and  the  distance  between  the  oxidation  front 
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and  the  surface  of  the  sample  (X)  was  measured.  The  results  of  this  oxygen  diffusion 
study  are  shown  in  Figure  32.  The  experimental  data  was  fit  by  to  the  equation: 


From  this  fit,  a  Dab  of  3.7±0.3  xlO-7  cm2/s  was  calculated.  Therefore,  the  ratio  of  Dgb 
to  Dl  was  62.7.  Below  a  ratio  of  104,  the  analytical  solution  in  Eqns.  29  and  30  has 
previously  been  shown  to  fit  numerical  simulations  of  atomic  diffusion  in  Voronoi 
microstructure  over  all  time  scales,  while  above  this  ratio,  intermediate  time  scales 
are  not  well-represented  [80]. 
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Figure  32:  Penetration  depth  of  oxidation  front  as  a  function  of  air  anneal  time  in  5  at.%  Eu:Y203 
ceramic,  (line)  Power  law  fit  from  which  Dgb  was  calculated. 


Results  of  the  NUC  are  compared  to  normalized  integrated  XRL  intensity  in  Figure  33. 
Calculated  NUCs  were  found  to  closely  follow  the  normalized  light  yields  measured 
for  our  Eu:Y203  ceramics,  further  supporting  the  strong  relationship  found  between 
the  oxygen  stoichiometry  and  scintillation  light  yield.  Additionally,  the  dominant 
effect  of  grain  size  on  light  yield  does  not  appear  to  be  caused  by  trapping  states 
arising  from  localized  distortions  at  the  boundaries.  However,  for  samples  with  the 
smallest  grain  size  [5.5  pm],  the  light  yield  did  not  follow  the  predicted  trend.  For  all 
air  anneal  times,  the  light  yields  of  these  ceramics  decreased  by  the  same  ratio  with 
respect  to  the  ceramic  with  the  next  lowest  grain  size.  This  trend  appears  to 
originate  from  a  different  mechanism  related  to  non-radiative  recombination  or 
trapping  at  the  boundary,  discussed  in  Section  4.2. 
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Figure  33:  Measured  XRL  integrated  intensity  (individual  data  points)  and  calculated  NUC  (data 
points  connected  with  lines)  for  (a)  ceramics  annealed  for  three  different  durations  with  different 
grain  sizes  and  (b)  ceramics  with  two  different  grain  sizes  annealed  in  air  for  different  times. 


For  5  at.%  Eu:Y203  ceramics  with  grain  sizes  ranging  from  5  -  250  (tm,  oxygen  non¬ 
stoichiometry  was  the  primary  cause  of  variations  in  light  yield  between  samples. 
Differences  in  the  total  oxygen  concentration  that  had  diffused  into  ceramics  lead  to 
different  trapping  concentrations.  A  model  for  the  attenuation  of  light  yield  by 
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trapping  states  due  to  oxygen  in-diffusion  was  in  good  agreement  with  experimental 
data,  indicating  that  the  observed  decrease  in  light  yield  with  grain  size  arose  from 
oxygen-related  defects.  Effect  from  these  oxygen-related  defects  may  be  mitigated 
through  air  annealing  and  ultimately  eliminated  after  long  times  (>72  hours  at 
1150°C),  depending  on  the  grain  size  of  the  Eu:Y203  ceramic.  The  transparency  of 
the  samples,  however,  was  optimized  after  16  hours  of  air  annealing  for  all 
ceramics. 

Those  studies  that  have  pointed  to  a  relationship  between  an  observed  attenuation 
of  light  yield  and  grain  boundary-related  states  [86-88]  (for  studies  on  Ce:YAG, 
Ce:LuAG,  and  Eu:Lu20s]  did  not  indicate  that  a  set  of  processing  conditions 
optimized  for  scintillator  performance  was  used.  In  our  study  of  Eu:Y203,  optimizing 
oxygen  stoichiometry  was  quite  important  to  optimizing  scintillator  performance, 
but  its  effect  was  found  to  be  correlated  to  the  grain  size.  Our  complete  study  of  air 
annealing  and  other  processing  parameters  on  the  light  yield  of  Eu:Y203  allowed  us 
to  distinguish  between  correlative  and  causative  relationships  with  grain  boundary 
volume  fraction.  Without  such  a  study,  it  would  have  been  easy  (but  misguided]  to 
attribute  our  relationship  between  light  yield  and  grain  size  to  some  sort  of  grain 
boundary-related  defect  state. 


4.2  Micro-scale  Scintillation  Characterization  Across  Grain  Boundaries  in 
Ceramic  Scintillators 

Highlights: 

•  Developed  a  novel  micro-scale  scintillation  technique  using  focused  X-ray 
excitation  to  characterize  localized  scintillation  emission. 

•  First  determination  of  effective  charge  carrier  diffusion  lengths  in  insulating 
scintillator  materials,  using  emission  spot  maps  and  charge  carrier  generation 
and  transport  models. 

•  Identified  a  relationship  between  charge  carrier  depletion  at  grain  boundaries 
and  the  effect  on  bulk  ceramic  light  yield. 

•  Proposed  a  method,  based  on  charge  carrier  diffusion  parameters,  for 
identifying  inorganic  scintillator  materials  that  may  perform  more  efficiently  in 
ceramic  form  due  to  their  ability  to  replenish  charge  carriers  lost  to  boundary 
electronic  states. 


55 


Experimental  Details: 


The  aforementioned  bulk  scintillation  characterization  studies  showed  that  air 
annealing  Eu:Y203  strongly  affected  light  yield.  However,  the  effect  from  the  grain 
boundaries  themselves  appeared  minimal,  except  that  is,  beyond  acting  as  a 
diffusion  pathway  for  oxygen.  In  order  to  elucidate  the  previous  macro-scale 
scintillation  results  presented  in  section  4.1  and  to  identify  the  origin  of  the 
difference  in  light  yield  seen  for  the  smallest  grain  sizes,  fluorescence  microscopy 
techniques  were  adapted  to  investigate  local  variations  in  scintillator  properties 
near  and  away  from  grain  boundaries.  As  part  of  these  studies,  a  novel  technique 
involving  the  use  of  focused  ionizing  radiation  to  stimulate  micro-scale  light 
emission  was  developed.  The  method  was  called  X-ray  radioluminescence 
microscopy  (XRLM). 

To  verify  the  results,  obtained  in  the  above  studies,  experiments  were  performed  at 
the  Naval  Postgraduate  School,  using  their  micro-scale  cathodoluminescence 
characterization  method.  This  was  the  first  time  this  technique  had  been  applied  to 
insulating  scintillator  materials.  By  coupling  these  two  techniques  with 
microstructural  and  chemical  characterization,  the  true  effect  of  sharp  interfaces  on 
scintillator  performance  within  ceramic  materials  could  be  definitively  determined. 


Development  ofX-Rav  Radioluminescence  Microscopy.  fXRLM)  Technique 

The  XRLM  studies  were  conducted  using  the  X-ray  microprobe  beam  line  2-3  at  the 
Stanford  Synchrotron  Radiation  Lightsource  (SSRL)  (SLAC  National  Accelerator 
Laboratory).  This  beam  line  provided  a  focused,  monochromatic  X-ray  beam  with 
spot  size  <1.2  pm  at  a  flux  of  ~1010  photons/sec  [89].  The  X-ray  energy  is  tunable 
between  4.5  and  24  keV.  The  microprobe  is  both  vertically  and  horizontally  focused 
using  Kirkpatrick-Baez  X-ray  optics.  The  beam  line  is  primarily  used  as  an  X-ray 
absorption  spectroscopy  (XAS)  imaging  station,  and  also  has  the  capability  to 
perform  X-ray  fluorescence  [XRF)  mapping,  using  a  Si  Vortex  detector.  Samples 
were  held  vertically  in  the  line  of  the  beam,  and  were  positioned  using  sample  stage 
translational  motors  in  the  X,  Y,  and  Z  directions.  The  sample  motors  had  a 
positioning  precision  of  50  nm  [89]. 

An  objective  microscope  equipped  with  a  Photometries  CoolSNAP  cf2  monochrome 
charge  coupled  device  (CCD)  camera  was  incorporated  into  the  standard  beam  line 
configuration,  and  visible  light  optics  were  used  to  collect  and  direct  the  emission 
from  the  sample  produced  under  excitation  from  the  X-ray  microprobe.  Emission 
distributions  were  imaged  from  the  back  surfaces  of  the  samples  in  order  to 
accommodate  the  optical  microscopy  setup  within  the  existing  configuration  inside 
the  hutch.  An  optical  geometry  was  used  such  that  the  real  image  of  the  emission 
distribution  was  in-focus  at  the  working  distance  of  the  microscope  objective.  A 
schematic  for  the  XRLM  setup  is  shown  in  Figure  34. 
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Figure  34:  Schematic  of  XRLM  setup. 

The  CCD  imaging  array  in  the  camera  had  1392  x  1040  pixels,  with  each  pixel  cell 
4.65  x  4.65  pm,  giving  a  detector  resolution  of  310  nm  at  a  microscope 
magnification  of  15x.  However,  the  numerical  aperture  of  the  objective  limited  the 
lateral  spatial  resolution  of  the  microscope,  such  that  its  Abbe  diffraction-limit  was 
between  325  and  527  nm  for  wavelengths  between  400  and  650  nm.  Therefore, 
there  was  minimal  light  bleeding  between  pixels.  The  aperture  in  front  of  the 
collection  lens  provided  a  depth  of  field  (DOF)  between  14.8  and  24.1  pm  in  this 
same  range  of  wavelengths.  This  DOF  is  nearly  the  thickness  of  the  samples,  so  that 
the  microscope  was  in  focus  at  all  depths  through  each  sample.  A  smaller  DOF  could 
be  achieved  by  removing  the  aperture  in  front  of  the  collection  lens. 

In  order  to  verify  that  the  XRLM  technique  could  be  used  to  measure  charge  carrier 
transport  behavior,  the  diffusion  length  [Ldiff]  of  a  ~5-pm  thick  film  of  epitaxial  GaAs 
on  Ge  with  known  properties  was  calculated  from  its  emission  distribution.  The 
GaAs/Ge  sample  was  thinned  from  the  substrate  surface  down  to  ~20  pm  and  the 
GaAs  surface  was  directed  towards  the  collection  lens  so  that  its  visible  emission 
would  not  be  absorbed  within  the  Ge  substrate  layer  before  reaching  the  optical 
microscope.  Emission  spots  were  imaged  at  15  locations  within  the  sample,  and  the 
tails  of  the  average  emission  distribution  were  fitted  to  a  zeroth-order  Bessel 
function  of  the  second  kind  (Ko),  using  a  procedure  described  in  Section  4.3.4,  with 
Ldiff  as  a  fitting  parameter,  as  shown  in  Figure  35.  The  calculated  diffusion  length  of 
17.5  ±  0.4  pm  is  in  good  agreement  with  previously  reported  values  [Ldiff  =  17.1  pm 
[90]). 
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Figure  35:  Average  X-ray  radioluminescence  (XRL)  intensity  (black  dots)  of  epitaxial  GaAs  on  Ge  as  a 
function  of  distance  from  the  center  of  the  8.1  keV  X-ray  excitation  beam.  The  red  line  shows  the  fit  of 
the  emission  distribution  tail  using  a  K0  function  in  order  to  calculate  Ldi/f. 


Two  Eu:Y203  ceramics  were  characterized  by  XRLM.  Both  were  hot-pressed  at  a 
temperature  of  1600°C  and  pressure  of  40  MPa.  However,  the  ceramic  sample 
labeled  "YOl,"  was  sintered  with  a  single  ramp  up  to  the  maximum  pressure  after 
outgassing  at  1150°C.  In  the  case  of  sample  "Y02,”  the  temperature  and  pressure 
were  ramped  up  step-wise  during  sintering.  The  total  sintering  times  of  ceramics 
YOl  and  Y02  were  16  and  25  hours,  respectively.  Both  ceramics  were  HIPed  in 
argon  at  1700°C  for  2  hours  at  200  MPa,  and  then  air  annealed  at  1150°C  for  72 
hours. 

In  addition  to  the  yttrium  oxide  samples  described  above,  two  0.1  at.%  Ce:YAG 
samples  were  also  characterized  by  XRLM  in  order  to  verify  that  the  technique  and 
charge  carrier  transport  models  used  to  determine  materials  parameters  were  both 
accurate.  The  first  was  a  bicrystal  made  by  pressure  bonding  two  single-crystals 
together,  the  other  a  Ce:YAG  ceramic.  These  results  are  discussed  below,  following 
the  results  on  Eu:Y203  ceramics. 

All  samples  were  ground  and  polished  to  below  a  single-  grain  thickness  (~20  pm) 
and  mounted  on  a  copper  foil  in  preparation  for  XRLM  measurements.  Samples 
were  thinned  to  avoid  interactions  with  multiple  boundaries  and  to  limit  the  effect 
of  scattering  from  any  residual  porosity.  An  image  of  a  thinned  sample  of  Eu:Y203 
and  a  typical  XRLM  emission  spot  from  the  sample  are  shown  in  Figure  36. 
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Figure  36:  CCD  images  of  thinned  Y01  Eu:Y203  sample  at  low  magnification  and  typical  XRL  emission 
spot  at  high  magnification.  The  thinned  sample  was  under  backlight  when  the  low  magnification 
image  was  taken.  The  image  of  the  thinned  sample  shows  the  sample  mounted  over  a  hole  in  a 
copper  foil.  The  black  dots  on  the  sample  are  aberrations  from  dust  and  imperfections  in  the 
backlight. 


Radioluminescence  across  Grain  Boundaries  in  Eu:Y?Q? 

Scintillation  emission  intensities  were  measured  in  the  ceramics  and  bicrystal  by 
incrementally  moving  the  sample  along  the  vertical  (Z)  axis  by  0.25  pm,  so  that  the 
X-ray  beam  was  focused  on  a  series  of  spots  along  ~14-pm  lines  crossing 
boundaries.  At  each  spot,  45  images  of  the  emission  distribution  were  acquired. 

The  normalized  peak  XRL  intensities  plotted  in  Figure  37  were  calculated  from 
images  of  emission  distributions.  The  maximum  intensities  of  the  measured 
distributions  in  all  of  the  images  taken  at  each  spot  were  averaged  and  then 
normalized  to  the  average  value  at  the  beginning  of  each  line  [nominal  position  =  0 
pm).  The  error  bars  on  each  maximum  of  an  XRL  intensity  signify  the  95% 
confidence  interval  of  its  mean  value. 

Figure  37(a)  shows  the  normalized  peak  XRL  intensity  under  8.1  keV  focused 
excitation  centered  at  spots  along  the  10.5  pm  line  identified  in  Figure  37(c).  The  line 
crossed  the  grain  boundary  indicated  by  the  arrow,  which  coincided  with  the 
position  4.25  pm  in  Figure  37(a).  Other  than  at  this  position,  the  trend  in  peak  XRL 
intensity  followed  the  change  in  Eu  concentration.  Because  the  Eu  concentration 
varied  from  ~4.5  mol.%  to  ~5.5  mol.%  in  this  area  of  the  sample,  and  the  light  yield 
of  Eu3+:Y203  has  been  shown  to  vary  roughly  linearly  with  concentration  over  this 
concentration  range  [91],  the  overall  trend  in  maximum  XRL  intensity  with  position 
likely  originated  from  the  difference  in  Eu3+  along  the  line. 
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Figure  37:  Peak  XRL  emission  intensity  at  positions  0.25  pm  apart  from  each  other  along  lines  that 
cross  a  boundary  in  samples  (a)  YOl  and  (b)  Y02.  Intensities  were  normalized  to  the  initial  point  on 
the  line.  Figures  c  and  d  show  XRF  maps  of  Eu  in  YOl  and  for  Eu  in  Y02  respectively.  The  line  in  (c) 
shows  where  the  data  in  (a)  was  taken  and  the  line  in  (d)  the  data  from  (b).  The  arrows  in  (c)  and  (d) 
identify  the  boundaries  at  the  positions  of  4.25  pm  in  (a)  and  7  pm  in  (b),  respectively. 


In  contrast,  the  depletion  regions  in  Y02  were  much  more  distinctive  than  that 
observed  in  YOl.  Significant  depletion  was  found  over  a  region  ~1  pm  wide,  and 
clear  depletion  began  to  occur  over  a  region  ~2  pm  wide,  as  illustrated  in  Figure 
37(b).  The  effect  of  Eu  concentration  gradients  within  YOl  on  local  emission 
intensity  largely  obscured  any  effect  of  the  boundary,  such  as  that  observed  in  Y02, 
beyond  a  narrow  width  right  at  the  boundary. 

In  previous  studies,  a  difference  in  the  emission  intensity  or  conductivity  at  grain 
boundaries,  such  as  the  ones  observed  here,  has  been  variously  attributed  to:  (1)  a 
decrease  in  material  thickness  due  to  grain  boundary  grooving  at  the  surfaces  [92], 

(2)  light  channeling  due  to  a  difference  in  refractive  index  across  a  boundary  [93], 

(3)  excited  state  quenching  of  activator  ions  from  defect  states  at  the  boundary 
[94,95],  and/or  (4)  depletion  of  charge  carriers  at  boundary  states  prior  to 
recombination  at  luminescent  centers  [96-101].  Through  an  analysis  of  previous 
literature,  and  chemical  and  structural  characterization  of  the  ceramics  studied  by 
XRLM,  effect  4  was  found  to  cause  the  observed  decrease  in  XRL  intensity  at  the 
grain  boundaries.  Transmission  electron  microscopy  (TEM),  nanometric  secondary 
ion  mass  spectroscopy  (NanoSIMS),  and  fluorescence  confocal  laser  scanning 
microscopy  results  are  briefly  discussed  below,  but  for  further  discussion  see  Ref. 
102. 
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Figure  38  shows  a  TEM  image  of  a  typical  grain  boundary  in  the  region  of  the  sample 
used  for  XRLM  characterization.  The  ~5  nm  width  of  the  boundary  in  the  image 
appears  to  be  a  region  of  overlap  between  the  two  grains  on  either  side  of  the 
boundary,  since  the  lattice  fringes  of  each  of  the  grains  extend  through  the  region. 
Within  a  ~10  nm  region,  starting  at  the  boundary,  the  lattice  parameter  is  slightly 
distorted.  This  is  possibly  due  to  a  very  low  concentration  of  line  defects  that  were 
present  within  this  sample  (<~10/grain)  (Figure  38(inset]].  They  were  typically  close 
to  the  edge  of  the  distorted  region,  but  also  present  within  the  bulk  of  the  grain  and 
may  indicate  a  segregation  of  dislocations  right  near  the  boundary,  which  may  occur 
due  to  a  decrease  in  their  energetics  of  formation  near  the  boundary.  However, 
while  some  disorder  in  the  crystalline  structure  was  observed  near  the  boundaries, 
there  still  was  a  strong  crystalline  order  at  the  boundary,  and  any  increased 
concentration  of  structural  defects  was  within  a  very  limited  width  around  it. 
Although  additional  electronic  states  from  these  structural  defects  may  serve  as 
trapping  and  non-radiative  recombination  centers  [103],  their  localized 
concentration  extended  over  only  l/100th  of  the  width  of  the  scintillation  intensity 
depletion  region  measured  by  XRLM.  Therefore,  any  effect  that  this  boundary 
disorder  may  have  on  scintillation  need  not  be  considered  in  addition  to  any  the 
effect  of  an  abrupt  boundary,  considering  its  narrow  spatial  scale. 
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Figure  38:  TEM  image  of  grain  boundary  in  Eu:Y2C>3  ceramic,  showing  lattice  fringes  of  both  grains 
that  extend  through  the  ~5  nm  overlap  near  the  boundary  between  the  two  grains,  (inset)  TEM 
image  of  typical  dislocation  loop. 


While  there  may  be  limited  structural  disorder  near  the  grain  boundaries  in  the  Y02 
sample,  chemical  segregation  may  still  occur  at  these  boundaries,  and  may  cause 
differences  in  scintillation  emission.  SIMS  measurements  showed  no  preferential 
segregation  of  Eu  or  other  impurities  at  grain  boundaries.  Figure  39  shows  a  typical 
line  profile  for  Eu  and  some  other  impurities  across  a  grain  boundary. 
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Figure  39:  Secondary  ion  mass  spectrometry  (SIMS)  line  profile  across  a  grain  boundary  for  89Y, 
153Eu,  40Ca,  and  28Si.  Ion  currents  are  normalized  to  that  of  89Y  t  each  position.  The  position  of  the 
grain  boundary  is  indicated  by  the  dashed  line. 


Figure  40  shows  a  confocal  microscope  image  of  the  611  nm  emission  of  the  Y02 
sample  under  excitation  from  an  argon  laser.  At  this  wavelength  the  5D  multiplet  of 
Eu3+  is  excited.  The  emission  intensity  was  found  to  vary  only  at  the  boundaries. 
Also,  the  emission  spectrum  did  not  shift  across  the  boundary.  Therefore,  the 
decrease  in  emission  intensity  observed  at  the  grain  boundaries  by  direct  excitation 
of  Eu3+  was  not  as  wide  as  that  measured  by  XRLM,  making  excited  state  quenching 
of  activator  ions  an  unlikely  source  of  the  depletion.  It  is  worth  noting  that 
concentration  quenching  was  not  even  observed  in  Eu:Y203  ceramic  Y01,  where  the 
local  Eu  concentrations  never  reached  above  ~5.5  at.%,  which  is  below  the  Eu 
concentration  at  which  quenching  has  been  reported  [104]. 
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Figure  40:  [a]  Scanning  fluorescence  confocal  microscopy  image  of  611  nm  emission  from  Eu3+  at  a 
depth  of  5  pm  in  Eu:Y203  ceramic  Y02  under  488  nm  excitation,  (b]  Eu3+  fluorescence  spectra  at  point 
(i]  at  grain  boundary  (ii]  away  from  grain  boundary;  no  peak  shifts  were  observed,  (c]  Fluorescence 
intensity  line  profiles  of  the  three  lines  crossing  grain  boundaries  marked  in  the  confocal  image  in 
(a). 


Calculation  of  Boundary.  Recombination  Velocities  using,  a  Charge  Carrier 

Transport  Model 

The  experimental  results  presented  above  showed  that  charge  carrier  depletion  at 
electronic  defect  states  located  in  the  immediate  vicinity  of  the  boundary  led  to  the 
decrease  in  XRL  intensity.  To  verify  this  effect,  a  charge  carrier  transport  model  was 
used,  as  discussed  in  this  section.  Using  this  model  with  experimentally  measured 
transport  parameters,  the  "boundary  recombination  velocities"  were  calculated  by 
fitting  simulated  XRL  profiles  to  the  measured  data.  This  method  quantified  the 
effect  of  the  grain  boundaries  on  XRL  intensity. 

The  spatial  extent  of  an  emission  distribution  represents  the  volume  over  which 
charge  carriers  are  generated  and  subsequently  transported  before  radiatively 
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recombining  at  activator  ions  or  other  radiative  sites  within  the  host  material.  Thus, 
the  distributions  measured  in  this  study  provided  information  on  the  nature  of  both 
charge  carrier  generation  and  transport.  Generally,  the  spatial  distribution  of  free 
carriers  within  a  material  under  steady-state,  ionizing  excitation  can  be  described 
by  the  continuity  equation: 

DW2n--  +  S(  r)=0 

r  [32) 

where  D  is  the  diffusion  coefficient  of  the  charge  carrier  of  interest  (i.e.,  electron, 
hole,  ambipolar,  exciton),  n  is  the  charge  carrier  concentration,  x  is  the  lifetime  of 
the  carrier,  and  S(r)  is  a  spatially-dependent  carrier  source  term.  Similar  charge 
carrier  diffusion  models  have  been  used  extensively  to  describe  conductivity  in 
semiconductors  ever  since  the  results  of  the  Haynes-Shockley  experiment  were 
reported  [105]. 

In  its  time-dependent  form,  Eqn.  32  has  also  been  used  to  describe  the  kinetics  of 
emission  from  photoelectric  semiconductor  materials  [106-109],  where  the 
emission  intensity  is  assumed  to  be  proportional  to  the  minority  charge  carrier 
concentration.  A  similar  approach  can  be  used  to  describe  the  transport  of  charge 
carriers  in  inorganic,  insulating  materials  excited  by  ionizing  radiation  (such  as  the 
scintillator  materials  investigated  here)  [110-112]. 

With  a  radially-symmetric,  Gaussian  source  term  and  no  imposed  boundary 
conditions,  and  when  r  »  a,  where  a  is  the  standard  deviation  of  the  source,  (i.e.,  a 
couple  of  microns  from  the  source),  Eqn.  32  can  be  approximated  [113]  as: 


7(r)ocK0(r/Ld;J) 


(33) 


where  Ldt//  is  the  effective  diffusion  length  and  Ko  is  the  zeroth-order  modified 
Bessel  function  of  the  second  king.  Therefore,  Ldi//  may  be  calculated  by  fitting  the 
tail  of  an  emission  distribution  with  a  Ko  function.  The  effective  diffusion  coefficient 
in  Eqn.  32  may  then  be  experimentally  determined  from  calculated  values  of  Ldi/f  and 
the  measured  scintillation  decay  times  (x),  using: 


D  = 


(34) 


To  understand  the  physical  parameters  associated  with  the  observed  emission 
intensity  depletion  in  the  boundary  region,  a  boundary  condition  that  could  account 
for  the  effect  of  sink  states  (deep  traps  and  non-radiative  recombination  centers) 
was  used  to  simulate  emission  distributions  in  the  Eu:Y203  samples.  Because  limited 
segregation  of  dopants,  impurities  and  structural  defects  was  observed  at  the 
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boundaries  in  these  materials,  an  abrupt  boundary  condition  was  found  to  be  an 
appropriate  assumption.  The  boundary  condition  [114]: 


n-  V/  =  — 

D/s 


(35) 


was  used  to  account  for  rate-limited,  non-radiative  recombination  at  a  boundary 
surface,  where  s  is  the  boundary  recombination  velocity,  and  n  is  the  unit  vector 
normal  to  the  boundary.  As  discussed  below,  calculated  values  for  s,  based  on 
solutions  to  Eqns.  32  and  35,  were  used  to  quantify  the  effect  of  a  nearly  abrupt 
boundary  on  the  depletion  of  nearby  charge  carriers. 

The  effective  charge  carrier  diffusion  lengths  were  calculated  from  averaged  XRL 
emission  distributions  [Table  5).  The  average  distributions  were  constructed  from 
10  cross-sections  of  a  distribution  averaged  over  1,800  images  of  emissions  from 
each  of  the  samples  [45  images  taken  at  each  of  40  different  locations).  Each 
emission  profile  consisted  of  three  regions:  [1)  one  that  decreased  faster  than 
exponential,  [2)  a  second  that  decreased  nearly  exponentially  [the  linear  section  on 
the  log-linear  plot),  and  [3)  a  third  at  the  detection  limit  below  the  level  of 
background.  Because  the  Gaussian  tails  of  the  X-ray  source  distribution  fall  off  faster 
than  exponential,  the  exponential-like  "tails”  that  arise  from  transport  of  charge 
carriers  generated  within  the  extremes  of  the  Gaussian  source  volume  were  easily 
identified.  These  tails  were  fit  with  a  Ko  function  [an  exponential-like  function), 
using  a  least-squares  fitting  method  to  determine  Ldi/f,  according  to  the  relationship 
in  Eqn.  33  [see  Figure  41  for  an  example  profile  and  fit). 

_ Table  5:  Measured  Effective  Diffusion  Lengths  and  Decay  Times _ 


Sample 

Effective 
Diffusion 
Length  (pm) 

Boundary 

Recombination 

Velocity 

(cm/s) 

Decay  Time 
(ms) 

Percentage  ol 
Total  Decay 

Eu:Y203 
Ceramic  YOl 

1.47  ±  0.14 

— 

0.983 

93% 

Eu:Y203 
Ceramic  Y02 

1.56  ±  0.09 

4,500 

0.978 

95% 
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Figure  41:  Typical  XRL  emission  profile.  The  black  squares  plot  the  intensities  at  each  pixel  averaged 
over  images  of  emission  from  excitations  at  a  number  of  different  spots.  Inset  (a)  shows  a  schematic 
of  the  technique  used  to  measure  profiles.  Inset  (b)  illustrates  the  contribution  of  the  source  volume 
to  the  total  emission  volume. 


Effective  charge  carrier  lifetimes  (x)  were  calculated  from  bulk  scintillation 
emission  decay  after  y-excitation  (Table  5).  In  the  cases  where  multiple  decay 
components  were  observed,  an  effective  x  was  calculated  based  on  the  relative 
contributions  of  the  components.  The  decay  in  scintillation  intensity  with  time 
represents  the  probability  that  charge  carriers  radiatively  recombine  at  a  given  time 
after  their  generation.  The  decay  time  expresses  the  exponential  fall-off  rate  of  this 
probability.  Trapping  and  non-radiative  recombination  affect  the  probability  of 
radiative  recombination  within  a  given  time  window,  and  therefore  effect  the  values 
of  decay  time  [115,116].  Under  the  high-flux,  steady-state  excitation  conditions  used 
in  these  experiments,  activator  ions  can  be  continuously  populated,  so  that  the 
relaxation  rate  significantly  affects  the  time  (and  equivalently  the  distance)  over 
which  a  charge  carrier  must  hop  until  it  finds  a  free  activator  ion.  Therefore, 
scintillation  decay  times  can  be  used  as  a  measure  of  the  effective  charge  carrier 
lifetimes  of  interest  in  this  study. 

Before  calculating  values  of  s,  it  was  first  confirmed  (by  fitting  solutions  to  the 
diffusion  equation  (Eqn.  33)  with  the  appropriate  boundary  condition  (Eqn.  35)  to 
XRLM  data)  that  both  charge  carrier  generation  and  transport  could  be  effectively 
modeled.  For  a  further  discussion  of  these  studies,  see  Ref.  102. 


A  two-dimensional,  Gaussian  source  term  centered  at  point  (xoj'o),  as  expressed  by: 


/ 

S(x,y)  =  exp 

V 


(x-x0)2  +  (y-y0)2N 


2  a2 


/ 


(36) 
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was  used  for  the  emission  distribution  models.  The  PDE  was  solved  over  a  525,313 
node  mesh  within  a  circular  area  with  a  diameter  of  75  pm.  The  standard  deviation 
[a)  of  S(x,  y]  was  calculated  through  the  convolution  of  a  Gaussian  X-ray  source  with 
the  interaction  volumes  of  a  single  collimated  X-  ray.  These  calculations  only  take 
into  account  sequential  photoelectron  emission  (i.e.,  the  low  energy  limit)  from  the 
element  with  the  largest  photoelectric  interaction  cross-section.  The  three- 
dimensional  distributions  of  the  energy  deposited  by  photoelectrons  in  103-nm3 
bins  were  modeled  using  the  CASINO  2.42  software  package  [117].  These 
distributions  were  then  integrated  over  the  sample  thickness  to  produce  a  two- 
dimensional  distribution  of  the  energy  deposited  by  each  photoelectron.  The 
convolution  of  the  sum  of  the  Gaussians  from  the  possible  photoelectron  energies 
(i.e.,  photoelectrons  excited  by  either  the  primary  X-ray  or  X-ray  fluorescence  from 
the  relaxation  of  electrons  to  cores  energy  levels  in  Eu,  Y,  or  0)  was  fit  by  a  Gaussian 
function  to  determine  the  a  of  the  excitation  source,  i.e.,  the  initial  distribution  of 
charge  carriers  with  energies  below  the  threshold  for  photoelectric  interactions  (set 
to  <50  eV  here). 
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Figure  42:  Experimental  and  simulated  XRL  intensities  at  different  excitation  spots  within  7  pm  of  a 
boundary.  The  boundary  was  located  at  the  7  pm  position  on  the  plot.  Five  simulated  line  profiles  are 
shown  in  [a]  with  different  boundary  recombination  velocities  (s],  along  with  XRLM  data.  The 
intensity  maps  in  [b]  show  the  simulated  distributions  in  two-dimensional  space  with  the  boundary 
condition  in  Eqn.  3.5  at  the  right-hand  surface  of  the  figures  and  an  s  =  10,000  cm/s  for  identical 
Gaussian  excitations  centered  at  (i]  7  pm  and  (ii]  0.25  pm  from  the  boundary.  The  hue-saturation- 
value  of  the  colormaps  in  (b]  was  normalized  with  respect  to  the  maximum  intensity  of  the  individual 
distributions. 


Figure  42  shows  the  maximum  intensity  of  the  simulated  XRL  distributions  for  the 
Eu:Y203  ceramic  Y01  excited  by  a  8.1  keV  Gaussian  source  centered  at  different 
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positions  with  respect  to  a  boundary  located  at  7  pm  in  the  figure.  The  position 
(xo,yo)  was  varied  to  simulate  the  spot  by  spot  excitations  measured  by  XRLM. 
Solutions  were  plotted  for  a  number  of  different  values  of  s  for  the  boundary 
condition  in  Eqn.  35  and  were  compared  to  the  XRLM  data  across  a  boundary. 
Boundary  recombination  velocities  for  the  measured  grain  boundaries  were 
determined  by  comparing  XRLM  results  with  simulated  emission  spot  intensities  for 
different  values  of  s.  Table  5  shows  the  values  of  s  calculated  using  this  method. 


Extension  to  Bulk  XRL  Intensity  ofEu:Y?Ch  Ceramics 

Figure  43  shows  effect  of  grain  size  on  XRL  intensity  in  Eu:Y2C>3  ceramics.  Values  of 
bulk  XRL  intensity  were  calculated  from  numerical  solutions  to  Eqns.  32,  35,  and  36, 
using  the  effective  diffusion  lengths  and  recombination  velocities  from  Table  5.  An 
intensity  map  of  one  such  solution  with  a  grain  size  of  30  pm  is  shown  in  Figure 
43(b).  These  values  were  compared  to  the  measured  Eu:Y203  ceramic  light  yields 
reported  in  Section  4.1. 


Grain  Size  (nm)  Position  (|jm) 


Figure  43:  [a]  Normalized  bulk  XRL  intensities  as  a  function  of  ceramic  grain  size  for  Eu:Y203.  Values 
were  normalized  to  a  solution  with  a  grain  size  of  500  pm.  Black  squares  are  simulated  values  and 
red  diamonds  experimental  data.  Numerical  solutions  to  Eqn.  33  with  a  homogeneous  source  term 
over  the  entire  grain  and  with  boundary  condition  in  Eqn.  35  at  circular  boundaries  with  different 
radii  were  integrated  over  the  entire  solution  space  to  calculate  the  XRL  intensity.  A  recombination 
velocity  of  s  =  4,500  cm/s  (the  measured  value  for  Y02]  was  used,  [b]  Example  of  a  simulated 
intensity  distribution  in  two-dimensional  space  for  the  bulk  excitation  of  a  ceramic  grain. 


In  order  to  minimize  the  effect  of  oxygen  non-stoichiometry  described  in  the 
previous  chapter,  only  ceramics  air  annealed  for  96  hours  were  compared  to  these 
predicted  values.  The  prediction  agreed  well  for  Eu:Y203  ceramics  having  similar 
grain  sizes.  For  example,  our  model  predicted  a  relative  luminosity  of  58%  for  a  5.5 
fim  grain  size  ceramic  and  63%  for  a  ceramic  with  34.1  |im,  grains 
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At  larger  grain  sizes  [>50  pm),  the  effect  of  oxygen  non-stoichiometry  began  to  have 
a  significant  effect  on  light  yield,  and  therefore  resulted  in  a  deviation  between 
measured  and  predicted  values.  These  results  were  also  found  valid  for  powders. 
Eu:Y203  powder  with  a  particle  size  of  60  nm  was  found  to  have  ~10%  of  the 
emission  intensity  of  ceramics  with  2  pm  grain  size  [118,119],  for  which  a  ~5% 
relative  luminosity  is  predicted. 


Comparison  ofX-Rav  Radiolmninescence  across  Boundaries  in  Eu:Y?Oi  and 

Ce:YAG  Ceramics 


To  study  how  grain  boundaries  affect  scintillation  behavior  in  different  materials, 
the  Eu:Y203  ceramics  were  compared  to  both  a  Ce:Y3AlsOi2  (Ce:YAG)  ceramic  and  a 
bicrystal  using  the  XRLM  method.  The  Ce:YAG  transparent  ceramic  was  produced 
by  vacuum  sintering  of  mixed  oxide  powders,  and  the  Ce:YAG  bicrystal  was 
produced  through  pressure  bonding  two  parts  of  a  cut  single-crystal  back  together. 

The  peak  XRL  intensities  in  the  Ce:YAG  bicrystal  [Figure  44[a ))  and  ceramic  [Figure 
44 [b))  had  a  similar  shape  to  that  of  Eu:Y203  ceramic  Y02.  The  boundaries 
characterized  in  the  Ce:YAG  samples  had  very  similar  widths  [~2  -  2.5  pm]  and 
depths  [30  -  35  %)  compared  to  each  other,  but  were  wider  than  and  deeper  than 
the  boundaries  found  in  Y02.  The  similarity  between  the  Ce:YAG  bicrystal  and 
ceramic  indicates  that  the  bicrystal  boundary  may  be  a  good  model  for  a  ceramic 
grain  boundary  in  this  context,  and  that  there  is  no  significant  additional  effect  from 
surface  damage  during  polishing  of  the  crystals  before  bonding. 
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Figure  44:  Peak  XRL  intensity  of  emission  spots  excited  at  positions  0.25  pm  apart  from  each  other 
along  lines  that  cross  a  boundary  in  a  Ce:YAG  (a)  bicrystal  and  (b)  ceramic.  Intensities  were 
normalized  to  the  initial  point  on  the  line. 


Effective  charge  carrier  diffusion  lengths  and  decay  times  were  also  determined  for 
the  Ce:YAG  samples  and  are  shown  in  Table  6. 
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Table  6:  Measured  Effective  Diffusion  Lengths  and  Decay  Times  in  Ce:YAG 


Sample 

Effective 
Diffusion 
Length  (pm) 

Boundary 

Recombination 

Velocity 

(cm/s) 

Decay  Time 
(ns) 

Percentage  of 
Total  Decay 

Ce:YAG 

bicrystal 

0.98  ±  0.03 

8,500 

82 

79% 

394 

28% 

Ce:YAG 

ceramic 

0.89  ±  0.07 

8,900 

73 

71% 

578 

11% 

Based  on  the  above  results,  a  number  of  important  trends  were  observed: 

1.  As  boundary  recombination  velocity  increases,  changes  in  the  width  and  depth  of 
the  depletion  region  became  less  pronounced  for  a  given  effective  diffusion 
coefficient.  Therefore,  there  is  little  effect  on  the  total  XRL  intensity  from  defects 
(e.g.  traps  and  non-radiative  recombination  sites]  beyond  a  certain  concentration  or 
rate  of  trapping  on  such  sites  in  the  immediate  vicinity  of  a  boundary.  This  may  in 
part  explain  the  minimal  differences  observed  in  the  depletion  regions  measured 
across  different  boundaries  in  the  same  ceramic,  even  though  the  crystalline 
orientation  of  grains  was  random. 

2.  Both  the  recombination  velocity  at  the  boundary  and  the  flux  rate  at  which  charge 
carriers  can  diffuse  to  the  boundary  affected  the  characteristics  of  the  depletion 
region.  Such  a  mechanism  preserves  local  thermodynamic  equilibrium,  and  is 
dependent  on  transport  properties  both  at  the  boundary  and  within  the  bulk  of  the 
grains.  Therefore,  while  the  recombination  velocities  of  the  Eu:Y203  [4500  cm/s] 
and  Ce:YAG  ceramics  [8900  cm/s]  in  this  study  were  similar,  their  depletion  widths 
and  depths  were  quite  different. 

3.  Even  though  the  D/s- ratio  for  Eu:Y203  was  nearly  four  orders  of  magnitude 
smaller  than  that  of  Ce:YAG,  its  much  smaller  D  led  to  a  smaller  charge  carrier  flux 
rate  in  response  to  the  same  concentration  gradient..  This  results  in  a  smaller 
depletion  region.  In  this  way,  the  transport  properties  within  the  bulk  of  the  grains 
play  a  significant  role  on  the  depletion  of  charge  carriers  near  the  boundary. 

It  should  be  noted  that  the  error  in  the  calculation  for  values  of  s  was  quite  large 
[>2,250  cm/s  and  <40,500  cm/s],  because  of  the  spread  in  the  measured  XRL 
intensities  and  the  small  differences  in  simulated  intensity  for  different  values  of  s. 
Calculated  mean  values  were,  however,  found  to  be  similar  to  surface  and  boundary 
recombination  velocities  reported  in  the  literature  [120-124].  Most  importantly,  the 
trends  observed  here  are  still  accurate  even  with  the  large  error,  and  because  the 
value  of  s  appears  to  be  less  significant  than  D,  there  was  much  less  error  in  the 
calculated  values  of  bulk  XRL  intensity  presented  in  the  following  section. 
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In  summary,  the  comparative  analysis  of  Ce:YAG  and  Eu:Y203  ceramics,  based  on 
charge  carrier  diffusion  parameters,  showed  that  this  approach  can  be  a  powerful 
tool  for  identifying  more  efficient  inorganic  ceramic  scintillator  materials.  Results 
from  the  above  XRLM  studies  suggest  that  lower  charge  carrier  diffusion  constants 
lead  to  a  decrease  in  light  yield  attenuation,  likely  because  charge  carriers  diffuse 
over  a  shorter  path,  and  therefore  have  a  higher  probability  of  recombining  at  a  site 
within  the  bulk  of  the  grains.  XRLM  and  cathodoluminescence  techniques  can  aid  in 
determining  these  properties,  and  thus  helping  determine  if  some  materials  are 
more  sensitive  to  boundaries  than  others. 

Additionally,  the  nature  of  defects  at  the  grain  boundaries  and  their  overall  effect  on 
charge  carrier  trapping  and  non-radiative  recombination  have  been  shown  to  be 
quite  important  because  of  their  contribution  to  the  boundary  recombination 
velocity  (s).  Evaluating  these  properties  may  be  aided  by  XRLM  analysis  and  bulk 
scintillation  characterization  techniques  coupled  with  parametric  processing 
studies.  Atomistic  and  first-principles  models  of  grain  boundary  electronic  states 
also  may  inform  the  study  of  grain  boundaries  and  scintillation  performance. 
Atomistic  modeling  of  grain  boundaries  in  other  classes  of  materials  has  been  used 
with  some  success  in  predicting  properties  of  compounds  such  as  MgO  and  Hf02 
[125-128]. 


4.3.  Eu:(Gd,Lu)203  Transparent  Ceramic  Sintering 

Highlights: 

•  Optically  transparent  ceramics  of  Eu:(Gd,Lu)203  were  prepared  from  pre¬ 
synthesized  nanopowders  through  a  step-wise  application  of  temperature  and 
pressure  that  was  optimized  for  optical  quality  under  similar  conditions  to 
those  used  in  the  EWY2O3  mixed  oxide  ceramic  fabrication  procedure. 

•  Determined  the  phases  existing  over  a  range  of  LU2O3  and  Gd203 
concentrations  and  defined  the  extent  of  the  single-phase  region  over  which  the 
solid  solution  was  cubic. 

Experimental  Detailsj 

To  facilitate  the  fabrication  of  transparent  Eu:Lu203  ceramics  from  nanopowders 
produced  by  spray  pyrolysis  (prepared  at  Lawrence  Livermore  National 
Laboratories],  we  initially  relied  on  our  previous  work  on  hot  pressing  Eu:Y203 
ceramics  from  mixed  oxide  powders.  In  that  work,  we  found  that  a  step-wise 
application  of  temperature  and  pressure  led  to  more  transparent  samples  and  that 
transparent  ceramics  were  produced  over  a  large  temperature  range  (1400  - 
1800°C).  However,  the  powder  sizes  in  our  previous  study  were  large  by 
comparison  to  these  nanopowders  (~1  pm),  so  the  increased  stress  intensification 
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factors  and  the  higher  sinterability  of  the  nanopowders  should  necessitate  a 
different  sintering  program  in  order  to  optimize  the  final  transparency  of  the 
ceramic.  In  this  study,  ceramics  of  Eu:Lu203  and  Eu:(Lu,Gd]203,  were  hot-pressed 
and  the  monoclinic-cubic  two  phase  region  in  the  binary  oxide  phase  diagram 
studied. 

Rare-earth  sesquioxides  exist  in  three  stable  crystalline  structures  at  temperatures 
above  ~600°C,  hexagonal  (A),  monoclinic  (B]  and  cubic  (C],  based  on  the  size  of 
their  cations  [129].  Y2O3  has  a  cubic  structure,  while  Gd203  and  EU2O3  have  a 
monoclinic  structure.  In  order  to  study  the  region  over  which  the  binary  phase 
region  exists  in  the  Gd203-Lu203-10%Eu203  phase  diagram,  differential  thermal 
analysis  (DTA)  was  carried  out  on  powders  with  varied  (Gd+Eu)/Lu  cation  ratios. 
Seven  [7]  samples  with  ratios  between  0.3  and  47.5  and  a  sample  with  a  ratio  of  0.9 
were  analyzed. 

DTA  curves  for  5  of  the  8  samples  are  shown  in  Figure  45(a).  Both  heating  and 
cooling  ramps  are  plotted,  at  ramp  rates  of  10°C/min.  Substantial  supercooling  was 
observed  in  all  cases,  suggesting  that  the  monoclinic  phase  could  be  stabilized  at 
temperatures  well  below  the  equilibrium  phase  boundary.  The  quasi-equilibrium 
phase  boundaries  are  plotted  in  Figure  45 (b)  based  on  the  DTA  results.  The 
boundaries  converged  at  ~2100°C  and  a  concentration  of  ~47.5  mol%  LU2O3.  This 
concentration  is  lower  than  that  of  Y2O3  in  the  binary  phase  diagram  of  Y203-Gd203 
(YGO),  making  the  cubic  phase  in  the  LU2O3  system  more  stable  at  higher 
temperatures  [130].  However,  the  two-phase  region  is  wider  at  lower  temperatures 
than  that  of  YGO. 
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Figure  45:  Differential  thermal  analysis  (DTA]  on  Gd203-Lu203-10%Eu203  powders  with  different 
ratios  of  LU2O3  to  Gd203.  DTA  curves  are  shown  in  [a]  and  the  resulting  quasi-equilibrium  phase 
diagrams  upon  both  heating  and  cooling  are  shown  in  [b]. 


Two  batches  of  Eu:(Gd,Lu)203  powders  were  sintered  by  hot  pressing  to  produce 
transparent  ceramics  and  study  the  effect  of  processing  parameters  on  optical 
transparency.  Batch  1  had  a  chemical  composition  of  Euo.1Gd1.oLuo.9O3,  and  Batch  2 
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had  a  composition  of  Euo.1Gdo.9Lu1.oO3.  A  step-wise  sintering  program  was  used  for 
both  batches  and  ceramics  were  then  HIPed  and  air  annealed.  Ceramics  processed 
under  different  conditions  are  shown  in  Figure  46.  Ceramics  HIPed  at  1750°C  were 
found  to  be  significantly  more  transparent  than  ceramics  HIPed  at  1800°C.  This  was 
found  to  be  related  to  regions  of  low-density  that  were  more  present  in  ceramics 
HIPed  at  1800°C  (Figure  47).  These  open  pore  networks  were  not  present  in 
ceramics  sintered  from  Batch  2  powder,  and  their  formation  may  have  been  related 
to  the  segregation  of  Gd  or  Eu  into  a  secondary  phase  at  high  temperature  and 
pressure  (see  Figure  48  for  chemical  analysis). 


Figure  46:  Ceramic  Eu  :(Gd,Lu)203  processed  under  different  conditions.  Ceramics  in  the  top  image 
were  HIPed  at  1800°C  and  those  in  the  bottom  image  at  1750°C.  From  left  to  right,  samples  were  hot 
pressed  at  1400°C,  1500°C,  1600°C,  1600°C/45MPa,  1650°C,  1600°C/45MPa,  1400°C,  1350°C, 
1400°C,  and  1600°C.  The  last  two  ceramics  were  sintered  from  Batch  2  powder.  Ceramics  were  hot 
pressed  at  40MPa,  unless  specified. 
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Figure  47:  Low-density  regions  in  a  ceramic  HIPed  at  1800°C  from  Batch  1  powder. 


Ceramics  sintering  at  lower  temperatures  were  also  found  to  be  more  transparent 
than  ceramics  sintered  at  higher  temperatures.  This  was  related  to  the  presence  of 
larger  pores  incorporated  into  the  ceramic  grains  after  HIPing  (compare  SEM 
images  in  Figure  49(c)-(f)).  After  hot  pressing,  although  pores  remained  at  triple 
junctions  in  ceramics  sintered  at  both  low  and  high  temperatures,  the  pores  in  the 
lower  temperature  samples  were  much  larger  than  those  sintered  at  higher 
temperature  (compare  SEM  images  in  Figure  49(a)  and  (b)).  The  mobility  of  pores  is 
inversely  proportional  to  their  size  [131],  and  it  appears  that  while  HIPing  the 
mobility  of  grain  boundaries  exceeded  that  of  the  larger  pores,  which  causes  the 
boundaries  to  move  past  them,  inhibiting  densification. 

It  was  found  that  a  similar  step-wise  sintering  program  was  optimal  for  sintering 
Eu:(Gd,Lu)203  ceramics  in  addition  to  Eu:Yz03  ceramics.  In  addition,  secondary 
phases  formation  that  can  lead  to  degradation  in  density  is  important  in  this  system. 
This  limits  the  sintering  conditions  over  which  transparent  ceramics  can  be 
produced. 
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Figure  48:  Nano-scale  secondary  ion  mass  spectrometry  (NanoSIMS]  analysis  on  ceramic  [a]  Optical 
image  region  analyzed  by  SIMS,  showing  grain  boundaries  from  on  chemical  etched  surface.  SIMS 
maps  were  taken  around  a  small  inclusion  that  was  a  few  microns  in  size,  (b]  Ratios  of  ion  currents 
from  Eu,  Gd  and  Lu,  showing  a  preferential  segregation  of  Eu  and  Gd  away  from  Lu  in  and  around  the 
inclusion.  A  Lu  ion  current  map  is  shown,  as  well,  in  which  the  underlying  microstructure  can  be 
seen  due  to  preferential  grain  etching. 
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Figure  49:  SEM  images  of  ceramics  sintered  from  Batch  2  at  1400°C  in  (a],(c]  and  [d]  or  1600°C  in 
(b),  [e]  and  (f).  [a]  and  (b]  show  ceramics  pre-HIPing  and  (c),  (d],  [e]  and  (f)  post-HIPing. 
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4.4.  Ce-doped  Alkaline  Earth  and  Rare  Earth  Hafnates  Ceramics:  Sintering  and 
Scintillation  Properties 

Highlights: 

•  Transparent  ceramics  of  Ce:SrHf03  and  Ce:BaHf03  were  prepared  by  hot 
pressing  pre-reacted  nanopowders  and  Ce:La2Hf207  and  Ce:Lu2Hf207  by  hot 
pressing  mixed  oxide  powders. 

•  Co-precipitated  Ce:La2Hf207  powders  were  synthesized  for  the  first  time,  and 
powder  purity  (e.g.,  chlorine  contamination)  and  cation  stoichiometry  (i.e.,  Ce- 
to-La-to-Hf  ratio)  studied. 

•  While  highly  transparent  ceramics  were  prepared,  the  poor  scintillation 
properties  found  for  the  hafnate  samples  were  attributed  to  intrinsic  self¬ 
absorption  and  the  oxidation  of  Ce3+  to  Ce4+.  Therefore  work  on  these 
compounds  was  terminated. 


Experimental  Details: 

Ce:BaHfO  i  and  Ce:SrHfO<  Ceramics 

In  a  joint  program  with  LLNL,  the  preparation  of  stoichiometric  Ce:BaHf03  [BHO) 
and  Ce:SrHf03  [SHO)  nanopowders  by  the  spray-pyrolysis  method  was  investigated. 
The  powders  produced  were  not  strongly  agglomerated  and  the  ultimate  size  of  the 
particles  was  less  than  lOnm  [Figure  50).  This  process  enabled  the  production,  for  the 
first  time,  of  fine-grained  [~lpm)  transparent  ceramics  of  these  materials  [Figure 
51). 


Figure  50:  TEM  pictures  of  0.01  at.%  Ce:BHO  and  Ce:SHO  nanopowders  made  by  spray  pyrolysis. 
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Figure  51:  lmm-thick  samples  of  0.02  at%  Ce:BaHf03  and  Ce:SrHf03.  The  picture  on  the  right  shows 
the  effect  of  heat-treatments  on  a  Ce:SH0  sample:  parts  of  a  hot-pressed  sample  (orange)  has  been 
successively  air-annealed  (yellow)  and  HIPed  (light  yellow). 


The  presence  of  Ce3+  ions  in  our  samples  was  confirmed  by  the  presence  of  a 
characteristic  IR  absorption  corresponding  to  the  transition  between  the  2F7/2  and 
2F5/2  manifolds  of  the  trivalent  cerium  (Figure  52).  The  position  of  the  Stark  levels  of 
these  manifolds  can  be  assigned  from  this  absorption  spectrum  (Figure  53).  The  zero¬ 
line  is  centered  at  2142  cm1,  which  gives  a  spin-orbit  coupling  constant  of  612  cm1, 
consistent  with  the  value  of  649  cm 1  given  in  the  literature.  Compared  to  the 
spectrum  obtained  on  annealed  and  HIPed  samples,  the  spectrum  of  a  hot-pressed 
only  sample  exhibited  an  additional  strong  and  narrow  absorption  line  at  3000  cm1. 
We  believe  that  this  line  arises  from  the  zero-line  transition  of  Ce3+  ions  occupying  a 
different  crystallographic  site.  This  site  would  have  a  higher  crystal-field  as  well  as  a 
higher  symmetry  (i.e.  more  forbidden  4f-4f  transition  therefore  a  narrower  peak). 
The  broadband  absorption  may  correspond  to  a  Ce3+  on  the  A  site  and  the  narrow 
band  to  a  Ce3+  on  the  B  site  in  the  perovskite  ABO3  structure. 
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Figure  52:  Energy  diagram  of  the  cerium  2Fs/2  ■=>  2F7/2  manifolds  in  Ce:SH0  determined  by  absorption. 
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Figure  53:  Infrared  absorption  spectrum  for  the  transition  2Fs/2  ■=>  2F7/2  in  Ce3+  in  hot-pressed,  air- 
annealed  and  HIPed  Ce:SrHf03.  After  partial  oxidation  about  23%  of  the  initial  Ce3+  concentration  is 
converted  into  Ce4+. 


After  annealing  in  air,  the  overall  intensity  of  the  spectrum  decreased  by  a  factor  of 
1.3  (i.e.  less  Ce3+,  more  Ce4+]  and  the  dopant  then  only  occupied  a  single 
crystallographic  site.  The  visible  absorption  spectra  of  Ce:SHO  and  Ce:BHO  are 
presented  in  Figure  54.  The  reduced  sample  exhibits  a  broad  absorption  peak  at 
480nm.  This  band  corresponds  to  color  centers  associated  with  oxygen  vacancies. 


Figure  54:  Optical  density  of  hot-pressed,  air-annealed  and  HIPed  Ce:SrHf03  samples. 
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The  absorption  bands  at  321  nm  and  below  can  be  assigned  to  the  localized  5d 
transitions  of  Ce3+.  The  high-energy  absorption  edge  reflects  the  host  absorption 
behavior.  Oxidized  samples,  enriched  with  Ce4+,  exhibited  the  onset  of  a  strong 
absorption  edge  around  300  nm  (3.5  eV).  Similar  behavior  for  cerium  in  Y2O3  was 
attributed  to  an  acceptor-like  electron  transfer  from  the  host  valence  band  to  the 
Ce4+  ion  "ligand-to-metal”  transfer.  Photoexcitation  of  Ce3+:SH0  by  UV  irradiation 
(280  nm)  at  room  temperature  did  not  show  any  detectable  luminescence 
ascribable  to  Ce3+.  This  suggests  that  the  luminescence  in  this  system  is  strongly 
quenched. 

The  scintillation  performance  of  Ce:BaHf03  (BHO)  and  Ce:SrHf03  (SHO)  ceramics 
was  characterized  under  a  and  p  excitations.  The  radioluminescence  spectra  are 
shown  in  Figure  55  and  Figure  56. 


Figure  55:  Radioluminescence  spectra  of  the  produced  Ce:BHO  and  Ce:SHO  ceramics  under  a 
excitation.  The  spectrum  of  BaF2  is  given  for  comparison. 


nm 

Figure  56:  Radioluminescence  spectra  of  the  produced  Ce:BHO  and  Ce:SHO  ceramics  under  |3 
excitation.  The  spectrum  of  BaF2  is  given  for  comparison. 


As  mentioned  earlier,  after  spray  pyrolysis  it  was  found  necessary  to  calcine  the 
nanopowders  in  air  to  burn  out  carbon  residues.  However,  a  shortcoming  of  this 
calcination  was  the  conversion  of  some  Ce3+  to  the  tetravalent  state.  Significant 
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improvement  was  obtained  by  performing  a  second  heat-treatment  in  hydrogen  to 
restore  the  cerium  ions  to  their  trivalent  state.  This  particular  result  is  illustrated  in 
Table  1  where  ceramics  made  with  hh-treated  Ce:BHO  powders  exhibit  a  higher 
light-yield  than  the  ones  made  with  untreated  powders. 


Table  7:  Light  yield  of  the  produced  Ce:BHO  and  Ce:SHO  ceramics  under  a  and 
P  excitation.  The  light  yield  of  BaF2  is  given  for  comparison. 


Light  yield  a  Light  yield  p 
[photon/MeV]  (photon/MeV] 


SHO  ceramic 

1240 

1,700 

BHO  ceramic 

540 

1,200 

BHO  ceramic 

1,780 

2,600 

(powder  heat  treated  in  H2] 

BaF2  single  crystal 

2,000 

10,000 

Three  fundamental  reasons  that  could  explain  the  low  light-yields  in  the  hafnates 
ceramics  are  [132]: 

[i]  an  excess  of  strontium  which  forces  Ce3+  into  the  B  sites  and  introduces 
an  absorption  band  overlapping  with  the  Ce3+  emission, 

[ii]  a  deficiency  in  strontium  which  introduces  small  HfCh  second  phase 
particulates  that  scatter  light, 


(iii]  and  small  pores  that  scatter  light  efficiently  in  the  blue  where  the  cerium 
emits. 

Therefore  the  fabrication  of  high  light-yield  Ce:BHO  and  Ce:SHO  ceramics  requires  a 
precise  control  over  strontium  evaporation,  cerium  valence  state  and  the  ceramic 
porosity  level.  In  the  case  of  Ce:SHO  for  example,  optical  characterization  shows 
that: 

[i]  Absorption  and  radioluminescence  spectra  overlap  [Figure  57] 
and  Rietveld  analysis  on  X-ray  diffraction  patterns  suggests  that: 

[ii]  hafnium  is  slightly  deficient  with  a  ratio  Hf/Sr~0.99 

[iii]  and,  as  a  consequence,  Ce3+  ions  he  on  the  Hf4+  site. 

Figure  54  showed  that  after  successive  high-temperature  heat-treatments,  the  edge  of 
the  optical  density  spectrum  was  shifted  to  shorter  wavelengths.  This  reduction  in 
the  extinction  coefficient  (i.e.  cumulated  effect  of  bulk  absorption  and  scattering] 
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maybe  related  to  [1]  a  progressive  evaporation  of  the  strontium  excess  towards 
stoichiometry,  or  [2]  a  reduction  in  scattering  after  the  HIPing  treatment.  The 
former  hypothesis  seems  the  most  probable,  as  pore  density  and  size  reduction  do 
not  normally  lead  to  the  formation  of  a  shoulder  in  absorption  spectra. 


Figure  57:  Overlap  of  the  absorption  and  the  radioluminescence  spectra  in  the  fabricated  Ce:SHO 
ceramics.  This  overlap  is  believed  to  be  the  main  reason  for  the  poor  light  yield  observed  in  our 
samples. 


Ce.LaiHfyQv  and  Ce:Lu?Hf?07  Ceramics 

During  the  second  year  of  this  program,  transparent  ceramics  of  Ce:La2Hf207  (LHO) 
and  Ce:Lu2Hf207  (LuHO)  were  fabricated  for  the  first  time  using  a  hot-pressing 
method,  and  the  mechanisms  contributing  to  densification  and  grain  growth 
studied.  LHO  was  sintered  by  both  reactive  and  non-reactive  methods,  and  the 
preparation  of  co-precipitated  LHO  nanopowders  studied. 

Nanosize  powders  of  La2Hf207  (LHO)  were  produced  by  a  wet-chemistry  process  in 
which  water-soluble  La3+  and  Hf02+  cations  were  co  precipitated.  The  technique  was 
inspired  by  a  process  developed  by  Komissarova  et  al.  and  Ushakov  et  al.  who 
coprecipitated  lanthanum  and  hafnium  oxides  [133,134]  but  for  a  different  purpose 
and  where  the  formation  of  LHO  was  not  of  primary  concern. 

One  critical  aspect  of  this  process  is  that  the  precipitate  formed  must  yield  pure  LHO 
by  thermal  decomposition.  If  any  secondary  phases  are  formed  at  this  stage,  they 
will  likely  produce  light-scattering  centers  in  the  final  ceramic.  These  phases  form 
under  the  following  circumstances: 
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(i)  if  the  concentration  ratio  of  lanthanum  and  hafnium  in  the  solid  is  not 
stoichiometric. 

(ii)  if  the  participating  ions  are  adsorbed  by  the  solid  during  the  precipitation 
process.  Water-soluble  salts  of  hafnium  are  scarce  and  only  HfCU  is 
commonly  available.  Therefore,  when  using  hafnium  tetrachloride  as  a 
source  material,  one  usually  gets  contamination  from  chloride  ions,  which 
form  oxychloride  impurities  during  calcination.  Such  impurities  have 
clearly  been  identified  by  electron  microprobe  analysis  as  residing  at  the 
grain  boundaries  in  the  first  set  of  hafnate  ceramics  prepared  during 
these  studies. 

During  our  fabrication  studies,  we  have  addressed  these  two  issues  specifically. 

The  La203-Hf02  phase  diagram  exhibits  a  wide  La2Hf207-pyrochlore  phase  domain 
at  high  temperatures  centered  on  the  1:3  molar  composition  [135].  The  exact  limits 
of  this  domain  are  not  precisely  known  as  they  depend  largely  on  the  oxygen  partial 
pressure  and  the  kinetics  of  cooling  during  the  measurements.  However,  previous 
studies  suggest  that,  because  of  the  extent  of  the  pyrochlore  solid-solution,  fully 
dense  ceramics  will  turn  into  transparent  bodies  if  cooled  relatively  quickly  from 
the  sintering  temperature  (~1600°C].  This  would  make  the  fabrication  process  not 
so  sensitive  to  slight  departures  from  the  stoichiometric  composition. 


F  =  cubic  fluorite-type  HTO2  solid 
solution 

T  =  tetragonal  HTO2  solid  solution 

M  =  monoclinic  HTO2  solid 
solution 

P  =  pyrochlore  type  LaiHPCF 
solid  solution 

A  =  hexagonal-La203-type  solid 
solution 

H  =  unquenchable  hexagonal 
La2C>3  solid  solution 


Figure  58:  Phase  diagram  of  Hf02-La203  [135]. 
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In  preparing  the  starting  material,  it  was  found  that  particular  attention  must  be 
paid  to  the  accuracy  of  weighing  the  lanthanum  oxide  powder  in  order  to  guarantee 
that  the  preparation  was  stoichiometric.  La203  is  a  very  hygroscopic  oxide  and 
weight  loss  on  ignition  can  be  as  high  as  10%  with  most  commercial  powders.  Figure 
59  shows  a  thermo-gravimetric  analysis  (TGA]  performed  on  this  oxide.  La203  loses 
a  significant  amount  of  water  at  270°C,  with  the  oxide  reaching  a  constant  mass  at 
~1120°C  after  the  hydroxide  and  oxyhydroxides  have  slowly  decomposed. 


Temperature  (°C) 

Figure  59:  Thermo-gravimetric  analysis  (TGA)  of  a  raw  commercial  La2C>3  powder. 


So  far,  all  the  fabrication  studies  done  in  this  current  work  came  to  the  same 
conclusion:  the  fabrication  of  LHO  ceramics  is  sensitive  to  the  starting  composition. 
Small  deviations  of  as  much  as  1  mol.%  relative  to  the  stoichiometric  ratio  La:Hf=l:3 
were  detrimental  to  the  quality  of  the  final  ceramic.  This  might  result  from  the 
narrowing  of  the  LHO  phase  domain  at  low  temperatures,  coupled  with  a  slow 
cooling  rate  or  from  the  effect  of  the  reducing  environment  used  in  our  sintering 
experiments. 

As  stated  earlier,  the  primary  commercial  source  of  hafnium  used  to  prepare  the 
LHO  nanopowders  was  the  tetrachloride  HfCU.  To  prevent  the  formation  of 
oxychloride  impurities  in  the  final  powder,  an  ion-exchange  method  was  used.  In 
this  method  the  chloride  ions  are  quantitatively  eliminated  and  replaced  by  nitrate 
ions.  It  involved  repeating  a  sequence  of  precipitations  of  hafnium  hydroxide, 
followed  by  filtrations  and  thorough  rinsing,  and  then  dissolving  this  hydroxide  in 
nitric  acid.  Three  sequences  are  usually  required  before  the  chloride  ions  were 
completely  eliminated  in  the  rinsing  filtrate.  In  a  second  step,  hafnyl  nitrate  along 
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with  lanthanum  nitrate,  both  water-soluble  salts,  were  mixed  and  added  to  an 
aqueous  solution  of  ammonia  in  order  to  form  a  solid  precursor  of  lanthanum 
hafnate  (reverse-strike  precipitation). 

X-ray  diffraction  performed  on  calcined  powders  showed  that,  below  500°C,  the 
precipitate  was  amorphous.  At  900°C,  LHO  forms  with  the  fluorite  structure  (Fm3m). 
Above  1200°C,  LHO  crystallizes  with  the  pyrochlore  structure  (Fd-3m)  (see  Figure  61). 


Figure  60:  Thermo-gravimetric  and  differential  analyses  (TGA-DTA]  of  the  LHO  precursor.  The  TG 
signal  is  represented  in  green  and  the  heat  flow  is  in  blue.  The  exothermic  peak  at  940°C 
corresponding  to  the  fluorite-pyrochlore  transition  is  clearly  visible. 
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Figure  61:  X-ray  diffraction  patterns  of  coprecipitated  LHO  powders  calcined  at  various 
temperatures:  500°C,  900°C,  1200°C  and  1400°C.  This  series  of  patterns  illustrate 


The  average  particle  size  of  the  LHO  powders  that  were  produced  was  30  nm.  The 
powders  had  an  extreme  fluffy  appearance  despite  some  degree  of  agglomeration  as 
shown  on  the  following  SEM  images  (Figure  62). 


Figure  62:  Coprecipitated  LHO  powder  after  calcination  (a)  at  900°C,  (b)  and  1200°C 
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The  average  crystallite  size  increased  with  calcination  temperature  and,  for  a 
constant  soaking  time,  the  effect  of  temperature  is  represented  in  Figure  63. 


Figure  63:  Average  crystallite  size  of  LHO  particles  as  a  function  of  calcination  temperature.  The 
soaking  time  is  2h. 


The  nanopowders  produced  were  densified  in  the  hot  press.  The  influences  of 
several  processing  parameters  were  investigated,  including  the  time  and 
temperature  of  the  soak  cycle  as  well  as  the  duration  of  the  out-gassing  step. 
Regardless  of  these  parameters  densified  LHO  ceramics  were  obtained. 
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Figure  64:  Densification  of  LHO  nanopowders  in  a  hot-press  as  a  function  of  processing  time.  The 
hot-press  temperature  and  pressure  or  also  shown  to 


The  curve  in  Figure  64  shows  three  different  regimes  during  the  densification: 

•  The  first  regime  corresponds  to  particles  rearrangement  during  which  a 
sharp  increase  of  the  density  is  observed. 

•  The  second  regime  corresponds  to  the  densification  with  open  porosity. 

•  The  third  and  last  regime  corresponds  to  the  collapse  of  the  porous  network 
and  final  densification  by  vacancy  eliminations. 

The  fabrication  of  LHO  ceramics  was  also  investigated  using  hot-pressing  with  a 
mixture  of  lanthanum  and  hafnium  oxides  (reactive  sintering).  Preliminary  results 
showed  that  the  submicron-size  powders  of  La203  and  Hf02  (see  Figure  65)  hardly 
react  at  temperatures  below  1900°C  without  pressure.  Despite  this  lack  of  reaction, 
confirmed  by  high-temperature  thermal  analyses  on  powder  mixtures,  fully  reacted 
and  densified  LHO  could  be  produced  by  hot-press  at  1600°C  under  a  pressure 
40MPa. 

The  best  procedure  developed  during  this  research  program  included  blending  fine 
powders  of  Hf02,  La203  in  a  ball-mill  using  yttrium  stabilized  zirconia  balls.  When 
preparing  optical  ceramics  by  reactive  sintering,  fine  starting  powders  are  usually 
preferred  as  they  provide  a  higher  surface  area  for  chemical  reaction  and  lead  to  a 
better  homogenization  of  the  composition.  In  addition,  if  the  grain  size  is  kept  small 
after  sintering,  mechanical  properties  are  enhanced. 
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Figure  65:  SEM  pictures  of  HfC>2  (left)  and  La203  (right)  powders. 


As  in  the  case  of  non-reactive  hot  pressing,  LHO  pellets  were  strongly  reduced  at 
high  temperature  in  the  graphite/inert  atmosphere  environment.  Even  though  full 
density  was  achieved,  samples  were  dark,  showing  transparency  through  very  thin 
slices  (~100pm)  ( 

Figure  66].  By  keeping  the  powder  from  coming  into  direct  contact  with  the  graphite 
die-case  assembly,  reduction  of  the  ceramics  could  be  avoided.  Both  boron  nitride 
coatings  and  tantalum  spacers  were  found  to  yield  ceramics  with  much  higher  levels 
of  translucency. 


Figure  66:  LHO  pellets  after  hot-pressing  in  a  graphite  die  with  (a)  only  graphite  foil  spacers,  (b)  a 
boron  nitride  coating  on  the  foil,  and  (c)  tantalum  foil  discs. 
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Figure  67:  The  three  types  of  system  that  surrounded  the  pellet  during  hot-pressing. 


Sintering  two  ceramic  samples  [0.1  at.%  Ce:La2Hf207  and  0.1  at.%  Ce:Lu2Hf20y) 
through  a  step-wise  sintering  program  produced  the  transparent  samples  shown  in 
Figure  68. 


Figure  68:  1  mm  thick  ceramic  samples  of  0.1  at.%  Ce:La2Hf207  (left)  and  0.1  at.%  Ce:Lu2Hf2C>7  (right). 


The  fluorescence  spectrum  for  Ce:Lu2Hf207  showed  greater  splitting  of  the  4f 
electronic  transition  levels  than  those  of  Ce:La2Hf207  [Figure  69].  This  may  be  due  to 
the  smaller  unit  cell  volume  of  Lu2Hf207.  Both  share  the  same  pyrochlore  crystal 
structure.  The  static  field  experienced  by  the  larger  Ce3+  ion  from  neighboring 
atoms  in  Lu2Hf207  causes  greater  splitting  of  the  its  4f  levels  than  when  Ce3+ 
occupies  a  La  lattice  site,  which  has  a  larger  ionic  radius  than  Ce3+.  Absorption 
spectra  of  the  samples  show  a  broader  absorption  band  in  Ce:Lu2Hf207  than 
Ce:La2Hf207,  which  explains  the  low  measured  fluorescence  intensity  at  shorter 
wavelengths  in  Ce:Lu2Hf207- 
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Figure  69:  [a]  Fluorescence  under  268  nm  excitation  (red,  black]  and  optical  absorption  of  0.1  at.% 
Ce:La2Hf207.  The  spectrum  in  red  was  obtained  from  ceramic  samples  produced  by  reactive 
sintering.  The  spectrum  in  black  was  obtained  from  the  same  ceramics  crushed  to  a  powder.  The 
spectrum  in  blue  is  the  fluorescence  spectrum  obtained  by  A.  Borosevich,  et  al.  on  a  powder  sample 
of  Ce:La2Hf207.  [b]  Fluorescence  and  optical  absorption  of  0.1  at.%  Ce:Lu2Hf207  ceramic  sample. 


Scintillation  decay  under  2  keV  excitation  on  Ce:La2Hf207  and  Ce:Lu2Hf207  samples 
was  measured  in  collaboration  with  LBL.  While  the  Ce:Lu2Hf207  emission,  (Figure 
70(a))  was  found  to  be  strongly  quenched,  that  of  Ce:La2Hf207  was  found  to  have 
multiple  decay  components  at  4ns,  17  ns,  44  ns,  and  141  ns  (Figure  70(b)).  Decay 
components  were  determined  by  linear  fits  to  intervals  of  linearity  in  the  log-plots 
of  the  decay  curves.  The  decays  at  17  and  44  ns  are  characteristic  of  other  Ce3+ 
doped  scintillators  [136],  while  the  longer  component  is  likely  due  to  de-trapping 
and  the  shorter  component  to  quenching.  Both  samples  were  found  to  have  low 
luminosity,  with  the  luminosity  of  Ce:Lu2Hf207  ~10%  that  of  Ce:La2Hf207-  The  low 
luminosity  of  these  samples  may  be  caused  by  the  strong  self-quenching  observed  in 
the  optical  spectra.  This  was  confirmed  by  the  scintillation  decay  behavior,  which 
was  significantly  higher  in  Ce:Lu2Hf207-  While  this  is  the  first  reported  data  on  the 
scintillation  behavior  of  Ce:La2Hf207,  the  light  yield  of  a  Ce:Lu2Hf207  transparent 
ceramic  was  previously  reported  to  have  a  low  (1,000  photons  /  MeV)  light  yield  as 
well  [137]. 
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Figure  70:  Scintillation  decay  of  (a)  0.1  at.%  Ce:Lu2Hf207  and  (b)  0.1  at.%  Ce:La2Hf207  from  2keV 
pulsed  excitation. 


4.5.  Ce:Y3Als0i2  (Ce:YAG)  Ceramics:  Sintering  and  Effect  of  Cation  Non- 
Stoichiometry  on  Scintillation  in  CeiYAG  Transparent  Ceramics 

Highlights: 

•  Transparent  ceramics  of  Ce:YAG  with  varied  cation  ratios  were  prepared  by 
vacuum  sintering. 

•  Identified  the  relationship  between  cation  stoichiometry,  transparency  and  x- 
ray  luminescence  intensity.  This  study  showed  that  stoichiometry  must  be 
preserved  in  order  to  optimize  scintillator  light  yield. 


Experimental  Details: 

In  order  to  extend  the  findings  in  Eu:Y203  to  a  more  complex  ternary  oxide,  Ce:YAG 
ceramics  were  fabricated  and  their  optical  and  scintillation  properties  were 
characterized.  In  addition  to  non-stoichiometric  oxygen  content,  which  was  shown 
to  significantly  affect  the  performance  of  Eu:Y203  ceramics,  YAG  ceramics  may  also 
have  a  limited,  but  significant,  range  of  cation  stoichiometries  over  which  the  garnet 
crystal  structure  is  stable.  It  has  been  previously  shown  that  cation  non¬ 
stoichiometry  in  YAG  is  accommodated  through  the  formation  of  yttrium  antisite 
defects  for  yttrium-  rich  stoichiometries  and  aluminum  antisite  defects  for 
aluminum-rich  stoichiometries  [138].  An  antisite  defect  is  the  occupation  of  a  cation 
of  one  species  on  the  lattice  site  of  a  cation  of  a  different  species  in  a  multi-cation 
material.  Antisite  defects  in  Ce:YAG  have  been  shown  to  cause  charge  carrier 
trapping  and  degrade  light  yield  [87],  but  no  systematic  study  of  the  effect  of  cation 
stoichiometry  on  light  yield  has  been  reported  in  the  literature.  In  this  study  and  for 
the  first  time,  the  XRL  spectra  and  lattice  parameters  of  transparent  Ce:YAG 
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ceramics  with  different  Y-to-Al  cation  ratios  were  measured,  compared  and  the 
relationship  between  their  values  and  cation  non-stoichiometry  determined. 


Ceramics  of  0.1  at.%  Ce:YAG  with  non-stoichiometric  cation  concentrations  were 
sintered  under  high  vacuum  (~10-6  torr).  Commercial  powders  of  CeCh,  Y2O3,  and 
AI2O3  were  combined  and  de-agglomerated  by  ball  milling  with  alumina  balls  and 
then  spray  dried  to  further  extract  large  agglomerates  from  the  powder  mixture 
used  to  form  the  sintered  bodies.  Much  attention  was  paid  to  maintaining  the 
stoichiometric  ratio  between  Y2O3  and  AI2O3  because  of  the  limited  single-phase 
region  of  YAG.  After  ball  milling,  the  powders  were  Ab03-rich,  so  incremental 
additions  of  Y2O3  powder  were  added.  Powder  samples  with  cation  ratios  between  - 
0.187%  and  0.187%,  as  calculated  from  the  relationship, 


mo/(F2G>3) 

v  mol(Y203 )  +  mol(Al202 ) 


_ mol(Y20“°ich) _ 

mol(Y203stolch )  +  mol(Al202"',ch)/ 


x  100% 


(37) 


were  prepared.  The  mixed  powders  were  then  cold  uniaxially  pressed  to  form 
pellets,  and  then  cold  isostatically  pressed  for  further  compaction.  Optically 
transparent  ceramics  of  Ce:YAG  were  produced  by  vacuum  sintering  at  1750°C  for 
12  hours.  TEOS  (0.5  wt.%)  was  used  as  a  source  of  Si02  that  serves  as  a  sintering  aid 
[139].  All  samples  were  transparent  with  the  exception  of  the  most  Ab03-rich 
sample  (see  ceramics  in  Figure  71). 


Figure  71:  3.15-mm  thick  ceramics  of  0.1  at.%  Ce:YAG  from  AI2O3-  to  Y2C>3-rich  (left  to  right). 
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Characteristic  Ce3+  absorption  bands  at  337  and  454  nm  were  present  in  the 
transmission  spectra  of  all  samples  [Figure  72).  The  optical  transmission  of  samples 
continually  increased  with  the  addition  of  0.008  grams  of  Y2O3  in  0.002  gram 
increments.  The  optical  transmission  then  continually  decreased  with  additional 
Y2O3.  The  stoichiometric  condition  was  assigned  to  the  most  transparent  sample, 
and  the  values  of  non-stoichiometry  were  calculated  in  comparison  to  this  sample. 
Therefore,  while  values  of  non-stoichiometry  are  relative  and  based  on  optical 
transmission,  not  chemical  data,  they  still  allowed  for  a  quantitative  comparison  of 
cation  ratios  between  samples. 
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Figure  72:  Optical  transmission  of  Ce:YAG  ceramics  with  different  cation  ratios. 


AhOs-rich  samples  showed  a  broad  absorption  band  from  500  -  600  nm  that  over¬ 
laps  in  part  with  the  longer  wavelength  Ce3+  absorption.  Y203-rich  and  the  sample 
identified  as  stoichiometric  showed  a  broad  absorption  band  at  600  -  800  nm.  These 
absorption  bands  account  for  the  red  and  green  coloration  of  the  AhOs-rich  and 
Y203-rich  samples,  respectively,  and  may  be  associated  with  oxygen  defects  in  the 
YAG  matrix  [140].  Neither  of  these  absorption  bands  was  observed  in  non- 
stoichiometric  undoped  YAG  ceramics  processed  under  identical  conditions  [138]. 
This  indicates  that  these  defect  bands  are  somehow  associated  with  the  Ce-doping. 
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Figure  73  shows  the  calculated  lattice  parameters  for  Ce:YAG  ceramics  with  varied 
cation  ratios.  Lattice  parameters  were  calculated  from  X-ray  diffraction  patterns 
using  nonlinear  least-squares  fitting  and  regression  diagnostics.  A  sinusoidal  fit  was 
used  to  subtract  zero  peak  shift,  using  LaE>6  as  a  standard. 


Non-stoichiometry  (mol%) 


Figure  73:  Lattice  parameters  of  Ce:YAG  ceramics  with  different  cation  ratios. 


Lattice  parameters  were  found  to  increase  on  either  side  of  the  stoichiometric 
concentration.  This  trend  was  also  observed  in  undoped  YAG  ceramics  [138],  but 
here  the  lattice  parameter  increased  more  steeply  with  cation  ratio  with  nearly 
double  the  slope.  This  slope  corresponds  to  the  defect  reaction  [138]: 

3Y203  +  5 AlxAl  +  30*  -  57*  +  2Va'  +  3V”  +  Y3Al5Ol2  [38) 

This  defect  reaction  is  different  from  that  in  undoped  YAG,  where  antisite  defects 
form  without  additional  vacancy  formation.  This  may  be  due  to  the  large  atomic 
radius  of  Ce3+,  which  could  lead  to  large  lattice  distortions  that  may  be  partially 
accommodated  by  these  additional  vacancies.  The  slope  of  lattice  parameters  of  the 
aluminum-rich  samples  versus  non-stoichiometry  is  the  same  for  both  Ce:YAG  and 
undoped  YAG  samples,  but  the  region  for  which  the  lattice  parameter  decreases  is 
much  narrower. 

XRL  spectroscopy  under  40  keV  excitation  was  used  to  characterize  the  Ce:YAG 
ceramics.  The  spectrum  for  the  sample  with  -0.08  mol.%  non-stoichiometry  is 
shown  in  Figure  74(a).  Both  Ce3+  emission  (peaking  at  528  nm)  and  a  UV  emission 
(associated  with  the  Yai  antisite  defects)  are  present  [141,142].  Figure  74(b)  and  (c) 


95 


show  the  variation  in  XRL  intensity  of  the  Ce3+  and  antisite  defect  emissions 
between  samples.  The  antisite  defect  emission  of  the  ceramic  samples  increased 
with  increasing  lattice  parameter,  verifying  that  the  formation  of  antisite  defects  as 
the  dominant  mechanism  for  non-stoichiometric  compensation.  The  ceramic  with 
the  lowest  antisite  defect  emission  intensity  also  had  the  highest  Ce3+  emission 
intensity.  These  results  indicate  that  the  highest  Ce3+  emission  under  X-ray 
irradiation  is  reached  when  the  concentration  of  antisite  defects  is  minimized. 
Therefore,  in  Ce:YAG,  although  there  is  a  finite  width  to  the  single-phase  region  of 
the  garnet  structure,  cation  non-stoichiometry  should  be  avoided  in  order  to 
optimize  scintillator  light  yield. 
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Figure  74:  [a]  XRL  spectrum  of  most  Al-rich  Ce:YAG  ceramic.  XRL  intensity  of  (b]  Ce  peak  emission 
and  [c]  antisite  defect  emission  of  ceramics  with  varied  cation  ratios. 


Based  on  these  studies  it  is  clear  that  knowing  the  exact  stoichiometry  of  Ce:YAG 
and  other  garnet  scintillators  would  also  be  important  when  comparing  the 
scintillator  properties  of  ceramics  to  single-crystals.  Previous  work  investigating 
this  comparison  in  Ce:YAG  and  Ce:LuAG  did  not  discuss  the  cation  stoichiometry  of 
their  samples  [86,87,143,144].  While  controlling  the  cation  stoichiometry  of  YAG 
and  LuAG  crystals  grown  from  a  melt  can  be  difficult  because  of  non-constitutional 
cooling,  the  cation  stoichiometry  of  ceramics  can  be  controlled,  as  shown  in  these 
studies.  However,  the  cation  stoichiometry  in  ceramics  is  largely  based  on  its  value 
in  the  starting  materials  from  which  the  ceramics  were  sintered,  in  the  absence  of 
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volatile  species.  Without  careful  control  of  the  stoichiometry  of  starting  materials- 
an  often  tedious  process-and  characterization  of  the  cation  stoichiometry  of 
ceramics  after  sintering,  the  optimum  performance  of  garnet  ceramics  will  not  be 
reached.  This  makes  it  difficult  to  accurately  determine  the  role  of  grain  boundary 
defect  states  on  the  properties  of  garnet  scintillator  ceramics. 


4.6.  Srh  and  Eu:Srh  Ceramics:  Effect  of  Grain  Texturing  on  Optical  Transmission 
in  Translucent  Srh  and  Eu:Srh  Ceramics  and  Scintillation  Properties 

Highlights: 

•  Developed  the  first  highly  translucent  samples  of  Srh  and  Eu:Srh  ceramics. 
Unlike  the  compounds  described  above,  Srh  is  a  birefringent  material,  which 
typically  exhibit  grain  boundary  light  scattering,  thereby  limiting  transparency. 
The  transparency  of  these  Srh  ceramics  was  enhanced  by  pressure  induced 
grain  alignment. 

•  It  was  found  that  increased  pressure  led  to  increased  grain  texturing  and 
higher  optical  transparency. 

•  Produce  Eu:Srh  ceramics  with  a  measured  light  yield  of  25%  of  single-crystals 
and  55%  of  TIN al. 


Experimental  Details: 


Ceramic  Sintering 

Srh  ceramics  were  produced  from  99.99%  nominally  pure  "anhydrous”  powders 
from  Alfa  Aesar.  This  powder,  however,  is  known  to  contain  various  hydrates  and 
oxyiodides  that  can  create  second  phase  light  scattering  precipitates  in  crystals.  SEM 
images  of  the  powders  used  are  shown  in  Figure  75.  The  Eu  dopant  was  introduced 
by  intermixing  5  wt.%  "anhydrous"  99.9%  Euh  from  Sigma  Aldrich  with  Srh  in  an 
alumina  mortar.  Powders  were  stored  and  handled  in  a  glove  box  with  water  vapor 
levels  not  exceeding  10  ppm.  The  low  moisture  containing  nitrogen  working  gas 
originated  from  a  liquid  nitrogen  supply.  Powder  compacts  were  formed  by 
uniaxially  pressing  in  a  stainless  steel  die  at  5.6  MPa.  These  compacts  were  then 
loaded  into  a  high-density  graphite  die  with  graphite  foil  spacers  to  isolate  the 
powder  from  the  die  walls.  Undoped  Srh  ceramics  were  sintered  by  uniaxial  hot- 
pressing  at  300°C,  350°C,  and  400°C  for  either  30  minutes  or  4  hours  at  43  MPa. 
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Eu:Srh  ceramics  were  hot-pressed  at  either  350°C  for  10  hours  or  400°C  for  4 
hours.  Samples  sintered  for  30  minutes  were  held  at  100°C  for  30  minutes  to  outgas 
the  compacts  before  increasing  the  temperature  to  its  maximum  value  and  then 
applying  pressure.  Samples  sintered  for  4  hours  were  held  at  200°C  for  45  minutes 
while  applying  pressure,  before  ramping  to  the  sintering  temperature.  Hot-pressing 
was  carried  out  under  vacuum  with  a  nitrogen  flow  to  maintain  a  baseline  pressure 
of  ~200  mtorr.  A  list  of  samples  characterized  in  this  study  is  given  in  Table  8.  After 
pressing,  the  ceramics  were  stored  in  mineral  oil  to  prevent  samples  from  reacting 
with  air. 


Table  8:  Processing  Conditions  of  Srh  Ceramic  Samples 


Temperature  (°C) 

Time  (hrs) 

Doping 

300 

0.5 

undoped 

350 

0.5 

undoped 

400 

0.5 

undoped 

300 

4 

undoped 

400 

4 

undoped 

350 

10 

5  wt.%  Eu 

400 

4 

5  wt.%  Eu 

Figure  75:  SEM  Images  of  Srl2  starting  powders. 


Sintering  was  carried  out  between  300  and  400°C,  which  was  above  the 
decomposition  temperature  of  the  hydrates  of  Srh  and  Euh  found  in  the  commercial 
powders,  but  substantially  below  the  melting  point  and  low  enough  to  avoid 
exaggerated  grain  growth.  In  order  to  ensure  that  all  the  hydrates  were  decomposed 
at  300°C  within  4  hours,  thermogravimetric  analysis  (TGA)  was  carried  out  on 
powders  following  an  identical  temperature  profile  to  the  sintering  program.  All 
mass  loss  at  300°C  was  found  to  occur  within  78  min. 

The  progression  of  relative  density  during  hot-pressing  as  a  function  of  time  is  given 
in  Figure  76.  The  vast  majority  of  densification  occurred  prior  to  reaching  the  soaking 
temperatures.  Ceramics  reached  relative  densities  of  ~0.98  by  the  end  of  the 
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temperature  ramp,  but  only  reached  final  density  (~2%  higher)  after  soaking  at  the 
maximum  temperature.  Figure  77  shows  translucent  samples  of  an  undoped  Srh  and 
a  5  wt.%  Eu:Srl2  ceramic  produced  by  hot-pressing  under  the  conditions  used  in  this 
study. 


Figure  76:  Hot-pressing  schedule  and  evolution  of  the  relative  density  of  Srh  compacts. 


Figure  77:  Translucent  ceramics  samples  of  [a]  1.75mm-thick  Srh  front-lit  and  [b]  0.77mm-thick 
Eu:Srl2  backlit.  Samples  are  covered  with  a  few  drops  of  mineral  oil  to  prevent  exposure  to  air. 
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Microstructural  Characterization  and  Grain  Texturing, 


X-ray  diffraction  (XRD)  measurements  [with  a  Panalytical  X’Pert  Pro  diffractometer 
and  a  Cu-Ka  source)  were  carried  out  on  the  Srh  starting  powder  and  the  ceramics 
pressed  at  300°C  and  400°C  for  4  hours.  Diffraction  patterns  were  recorded  under 
two  experimental  conditions:  [1)  in  air  with  samples  coated  with  a  thick  layer  of 
petroleum  jelly,  and  [2)  in  a  nitrogen  gas  environment  within  a  polyether  ether 
ketone  (PEEK)  dome  with  samples  coated  with  a  thin  layer  of  petroleum  jelly. 
Before  being  mounted  on  glass  slides,  the  ceramic  samples  were  removed  from  the 
mineral  oil  in  which  they  were  being  stored  and  rinsed  in  hexanes  inside  a  glove 
box.  The  hexanes  rinse  was  dehydrated  by  mixing  it  with  a  P2O5  desiccant  for  ~24 
hours  and  then  filtering  it  to  remove  the  remnant  P2O5  powder. 
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Figure  78:  (a)  X-ray  diffraction  patterns  of  Srl2  ceramic  sintered  for  4  hrs  at  (i)  400°C  and  (ii)  300°C. 
(iii)  Pattern  of  400°C  sample  in  cross-section  and  (iv)  polycrystalline  Srl2  reference.  Dominant  Srl2 
peaks  are  labeled  with  indices.  The  (202),  (112),  and  (022)  planes  diffract  most  intensely  in  an 
isotropically-oriented  powder.  SrI2.H20  peaks  are  identified  by  *.  (b)  Pole  figure  for  (313)  peak 
shown  in  (iii). 


While  the  diffraction  patterns  of  the  Srh  starting  powders  contained  all  of  the 
known  low  angle  powder  diffraction  peaks  for  the  Srh  Pcab  crystal  structure  and  its 
three  hydrates,  only  Srh  and  low  intensity  monohydrate  peaks  were  observed  in  the 
Srh  ceramics,  when  analyzed  in  an  enclosed  dry  nitrogen  environment  (Figure  78). 
The  presence  of  the  monohydrate  peaks  suggested  the  occurrence  of  a  partial 
surface  reaction.  The  intensities  of  the  monohydrate  peaks  were  found  to  decrease 
with  surface  grinding  and  increase  with  time  (when  the  surface  was  coated  with 
petroleum  jelly  and  exposed  to  air).  The  diffraction  patterns  observed  for  the 
ceramic  samples  were  not  consistent  with  the  ones  expected  for  randomly  oriented 
crystallites.  Instead,  when  a  Srh  sample  pressed  at  400°C  was  oriented  so  that  the 
pressing  direction  was  parallel  to  the  normal  of  the  diffractometer  sample  stage,  the 
(313),  (202),  (222),  and  (611)  planes  of  Srh  exhibited  the  strongest  intensities. 
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However,  the  (311],  (221),  and  (022)  planes  diffracted  most  strongly  when  a  cross- 
section  of  the  ceramic  was  analyzed  (Figure  78).  The  dominant  planes  in  the  cross- 
section  were  at  an  angle  of  73°  to  those  of  the  planar  sample.  Variations  in  the 
relative  intensity  of  the  peaks  of  a  single  sample  based  on  orientation  may  only  arise 
from  preferential  alignment  of  crystallites  along  particular  axes,  indicating  the 
presence  of  grain  texture. 

The  (313)  plane,  a  slip  plane  in  the  Srh  crystal  structure,  diffracted  most  heavily  in 
both  the  300  and  400°C  samples  sintered  for  4  hrs.  The  300°C  sample  was  slightly 
more  textured  than  the  400°C  sample,  with  a  Kearns’  texture  factor  (/)  of  0.67  and 
0.53  for  the  (313)  plane,  respectively. 

Scanning  electron  microscopy  (SEM)  was  carried  out  on  both  powders  and 
ceramics.  Powders  were  loaded  into  a  desiccator  inside  the  glove  box,  where  the 
powders  were  stored,  during  transport  to  the  microscopy  facility.  Ceramics,  which 
were  stored  in  mineral  oil,  were  washed  with  dehydrated  hexanes,  before  coating 
with  gold-palladium  under  vacuum  and  then  immediately  loaded  into  the  SEM,  with 
minimal  air  exposure.  Optical  microscopy  in  transmission  mode  was  carried  out  at 
250x  magnification  on  0.75mm-thick  Srh  samples  pressed  at  both  300°C  and  400°C 
for  4  hours. 

SEM  micrographs  of  fracture  surfaces  in  ceramic  samples  showed  elongated  grains 
in  samples  sintered  at  300°C  for  10  hrs  and  350°C  for  30  min  (Figure  79),  which  may 
be  related  to  the  texturing  observed  with  XRD  analysis.  Intra-granular  cracking 
dominated  in  other  samples,  making  it  difficult  to  visualize  the  shape  of  individual 
grains.  Grain  sizes  for  samples  were  estimated  from  SEM  and  optical  micrographs 
(Table  9). 


Figure  79:  [a]  Optical  micrograph  under  cross-polarized  light  of  0.75  mm  thick  SrI2  sample  sintered 
at  400°C  for  4  hrs.  [b]  SEM  micrograph  of  Srh  sample  sintered  at  350°C  for  30  min.  [c]  SEM 
micrograph  of  Srl2  sample  sintered  at  400°C  for  30  min.  Darker  regions  in  (a]  show  inclusions  in 
sample  that  cause  scattering.  Darker  regions  in  (c]  show  mineral  oil  pooled  in  the  depressions  of  the 
fracture  surface. 
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Table  9:  Estimated  Ceramic  Grain  Sizes 


Temperature  (°C) 

Time  (hrs) 

Grain  Size  (pm) 

350 

0.5 

25 

400 

0.5 

70 

300 

4 

80 

400 

4 

120 

Grain  Texturing,  and  Optical  Transmission 

Optical  transmission  measurements  were  made  as  a  function  of  wavelength  with  a 
dual-beam  Cary  500  spectrometer.  Ceramic  samples  were  ground  to  thicknesses  of 
between  0.85  and  0.97  mm  and  polished  on  parallel  faces  with  1200  grit  SiC  paper. 
Samples  were  mounted  inside  a  1  mm  deep  cavity  filled  with  mineral  oil  to  prevent 
reaction  with  air.  Transmission  measurements  on  an  oil-filled  and  empty  cavity 
were  used  to  determine  their  respective  contributions  to  the  total  transmission. 

Srh  ceramics  sintered  at  300°C  for  30  min  were  found  to  be  progressively  more 
transmissive  as  the  sintering  pressure  was  increased,  as  shown  in  Figure  80. 
Pressure-induced  deformation  and  texturing  is  common  in  alkali  halides,  and  may 
account  for  the  optical  transmission  of  samples  sintered  under  an  applied  pressure 
[145,146].  While  texturing  was  found  to  be  present  in  samples  pressed  at  43  MPa, 
no  texturing  was  observed  in  samples  sintered  without  pressure. 
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Figure  80:  In-line  optical  transmission  of  420  nm  light  in  Srh  ceramics  hot-pressed  under  different 
pressures. 
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Srh  ceramics  sintered  at  300°C  for  both  30  min  and  4  hrs  were  found  to  be  more 
transmissive  than  their  counterparts  sintered  at  400°C.  The  samples  sintered  at 
300°C  are  shown  in  Figure  81  to  have  had  higher  levels  of  grain  alignment.  Variations 
in  optical  transmission  between  ceramic  samples  may  arise  from  either  scattering 
or  absorption  of  light.  Because  no  obvious  absorption  bands  exist  in  the  spectral 
region  probed  here,  as  is  apparent  from  Figure  81,  variation  in  light  scattering 
coefficients  was  the  likely  cause  of  these  differences  in  transmission.  In  a 
birefringent  ceramic,  light  may  be  scattered  by  residual  porosity  and  secondary 
phases,  as  well  as  at  grain  boundaries  of  micron-sized  grains,  where  a  discontinuity 
in  refractive  index  may  exist.  The  fact  that  the  shape  of  the  transmission  curves  was 
consistent  between  ceramics  sintered  for  the  same  time  and  had  an  inverse  power 
law  relationship  with  wavelength  [Figure  82)  indicates  that  scattering  from  porosity 
may  be  fairly  consistent  between  samples.  Therefore,  scattering  at  grain  boundaries 
may  contribute  most  significantly  to  variations  in  the  optical  attenuation  between 
samples. 


(a) 

(b) 

(c) 


(d) 

(e) 


Wavelength  (nm) 


Figure  81:  Optical  transmission  on  lmm-thick  undoped  Srl2  ceramics  sintered  (a)  for  30  min  at 
300°C,  (b)  for  30  min  at  350°C,  (c)  for  30  min  at  400°C,  (d)  for  4  hrs  at  300°C,  and  (e)  for  4  hrs  at 
400°C,  showing  improved  transparency  with  decreasing  temperature  and  time. 


103 


(a) 

(b) 

(c) 

(d) 

(e) 


Figure  82:  Log-log  plot  of  optical  transmission  in  the  visible  spectral  range  of  Figure  81.  The  Fresnel 
limit  of  transmission  for  420  nm  light  in  Srl2  is  75.6%. 


In  birefringent  ceramics,  two  methods  have  been  employed  to  improve  optical 
transmission:  [1)  minimizing  grain  growth  in  order  to  maintain  grain  sizes  at  the 
nanometric  scale  and  (2)  inducing  preferential  texturing  of  grain  orientations 
[147,148].  Although  the  grain  sizes  of  samples  sintered  at  300°C  were  on  average 
smaller  than  those  of  samples  sintered  at  400°C,  all  grain  sizes  were  well  into  the 
tens  of  microns  in  size. 

An  idealized  model  developed  by  Raman,  et  al.  [149,150]  for  diffraction-dominated 
light  scattering  in  a  birefringent  polycrystalline  body,  given  by 

I  =  I0  exp(-v2jr2An2A7d)  [39) 

was  used  to  evaluate  the  extent  to  which  texture  may  play  a  role  in  the  levels  of 
optical  transmission  observed  for  ceramics  in  this  study.  Here,  v  is  the  wave-number 
and  d  is  the  grain  size.  The  filling-factor,  0  <  K  <  1,  describes  the  probability  of  each 
of  the  primary  axes  being  oriented  in  the  direction  of  light  propagation.  A  value  of 
K=  0  would  characterize  a  fully-textured  ceramic  [or  single-crystal),  whereas  a  K=  1 
would  describe  a  ceramic  with  a  random  grain  orientation. 

Values  of  K  were  calculated  from  levels  of  optical  attenuation  measured  in  Srh 
ceramics.  For  randomly  oriented  ceramics  with  Anmax=0.02,  /=lmm,  and  with  grain 
sizes  found  in  this  study,  the  %T  predicted  by  the  model  for  even  fully-dense 
ceramics  would  be  «  0.  For  the  %T  measured  in  this  study  [Figure  82),  K  was 
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calculated  to  be  between  0.009  and  0.014.  Likewise,  the  grain  sizes  estimated  for 
actual  samples  were  clearly  much  larger  than  those  predicted  with  this  model  for 
theoretical  non-textured  Srh  ceramics  when  using  the  levels  of  optical  transmission 
measured  in  this  study  [on  the  order  of  ~1  pm].  Therefore,  the  grain  orientation  of 
these  ceramics  appears  to  contribute  greatly  to  the  levels  of  optical  transmission 
observed  here  and  the  variation  in  transmission  between  various  processing 
conditions. 


Scintillation  Properties 

Some  of  the  scintillation  properties  of  the  Srh  and  Eu:Srh  ceramics  produced  during 
this  research  project  were  measured  and  compared  with  single-crystals.  As  will  be 
shown  below,  the  ceramics  did  not  have  the  excellent  light  yields  of  single  crystals 
but  there  is  potential  for  making  significant  improvements  in  their  performance 
with  more  extended  studies. 


Wavelength  (nm) 


Figure  83:  X-ray  radioluminescence  spectra  of  [a]  5  wt%  Eu:SrI2  and  undoped  Srl2  ceramics  sintered 
for  4  hrs  [b]  at  400°C  and  [c]  300°C  under  50  keV  excitation,  (inset]  X-ray  radioluminescence  of 
samples  scaled  x29.  Spectra  are  normalized  to  the  maximum  intensity  of  the  Eu2+  emission  in  [a]. 


X-ray  radioluminescence  [XRL]  spectra  under  50  keV  excitation  of  5  wt.%  Eu:Srh 
and  undoped  Srh  under  different  conditions  are  presented  in  Figure  83.  The 
luminescence  spectrum  of  EuiSrh  shows  the  characteristic  emission  band  of  Eu2+  in 
a  Srh  matrix,  peaking  at  435  nm  [151,152].  A  very  broad  emission  over  the  entire 
visible  spectrum  was  also  present  in  all  samples  with  a  peak  intensity  ~5%  of  the 
Eu2+  emission.  A  similar  broad-band  emission,  red  shifted  by  ~50  nm  with  respect  to 
the  band  observed  here,  was  previously  reported  in  EmBah  single-crystals  [152]. 
This  emission  was  determined  to  originate  from  a  defect-mediated  recombination 
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process.  A  defect-induced  emission  at  the  same  wavelengths  as  reported  here  was 
also  observed  in  SrO  [153]. 

Instrumental  gas  analysis  was  performed  on  the  Srh  starting  powders  to  determine 
their  oxygen  concentration.  A  value  of  5100±255  ppm  was  measured  during  the 
analyses.  The  oxygen  content  was  determined  through  the  carbon  monoxide  level 
found  in  the  gas  stream,  which  was  measured  by  non-dispersive  infrared 
spectroscopy.  Considering  previous  reports  on  alkaline  earth  iodides  and  oxides 
together  with  the  broadness  of  the  additional  band,  this  emission  is  likely  defect- 
mediated,  and  may  be  due  to  some  form  of  oxidation  or  hydration  of  the  iodide. 

While  the  defect-mediated  emission  in  Eu:Bah  showed  a  scintillation  decay  of  1.5  -  3 
ps  that  was  strongly  dependent  on  the  emission  intensity  [152],  the  longest 
components  of  scintillation  decay  in  undoped  Srh  were  433  ns  and  445  ns  for  the 
300°C  and  400°C  samples  [under  2  keV  excitation),  respectively  (Figure  84).  This 
decay  component  is  similar  to  the  scintillation  decay  of  394  ns  reported  for  Srh 
powders  in  the  literature  [154].  The  shorter  decay  components  of  the  undoped 
sample  sintered  at  400°C  contributed  more  heavily  to  the  overall  decay  than  for  the 
sample  sintered  at  300°C.  This  indicates  lower  levels  of  charge  carrier  trapping  in 
the  sample  sintered  at  300°C. 


Time  (ns) 


Figure  84:  Scintillation  decay  of  5  wt.%  Eu:SrI2  and  undoped  Srl2  from  2  keV  pulsed  excitation. 


The  combination  of  three  exponential  decay  components  with  decay  times  of  93  ns, 
197  ns,  and  878  ns  was  a  good  fit  to  the  decay  behavior  of  Eu:Srh  ceramics.  Eu:Srh 
ceramics  were  also  found  to  have  very  low  afterglow  with  intensity  falling  to  0.5% 
of  its  maximum  in  2.8  ps  and  to  0.25%  of  maximum  within  4  ps.  In  5  mol%  Eu:Srh 
single-crystals,  the  afterglow  intensity  fell  to  the  same  values  at  times  of  2  ms  and 
20  ms,  respectively  [151].  The  longest  decay  time  in  the  Eu:Srh  ceramic  was 
significantly  shorter  than  the  single  component  of  1.2  ps  for  0.5  mol%  Eu  single 
crystals  reported  in  the  literature  [151,152].  This  decrease  in  scintillation  decay 
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time  may  be  due  to  an  increased  Eu  concentration  or  other  defects  that  cause 
quenching.  The  decay  time  of  Eu2+  emission  in  Bah  was  shown  to  decrease  with 
increased  defect-mediated  emission  [152],  an  emission  that  appears  to  be  present  in 
these  ceramics  and  could  be  one  factor  in  the  shortened  decay  time  observed  here. 

The  scintillation  light  yield  of  the  Eu:Srh  ceramic  sintered  at  350°C  for  10  hrs  was 
measured  under  y-ray  excitation  using  sealed  isotopic  sources.  The  measurement 
setup  was  a  typical  y-ray  spectroscopy  arrangement,  which  included  a 
photomultiplier  tube  (PMT),  a  preamplifier  (Ortec  113],  a  pulse  shaper  (Ortec 
572A],  and  a  multichannel  analyzer  (Amptek,  Inc.,  8000A).  The  photomultiplier 
used  was  the  10-  stage  XP2060  from  Photonis.  The  ceramic  used  in  this  test  was  a 
5x6x0.77  mm3  polished  slab,  directly  coupled  to  the  entrance  window  of  the  PMT 
and  kept  immersed  in  a  few  drops  of  mineral  oil  to  protect  it  from  moisture  and 
oxygen.  A  block  of  PTFE  (Teflon]  was  used  as  a  top  reflector,  and  Teflon  tape  was 
wrapped  around  this  assembly  to  increase  light  collection  of  diffuse  reflections.  The 
measurements  were  compared  to  a  10x10x3  mm3  BGO  single-crystal  purchased 
from  SilvaCo,  Inc.  Full-absorption  peaks  were  corrected  for  background  noise  with  a 
computer  program. 

In  the  experimental  setup  utilized  for  these  studies,  the  average  PMT  quantum 
efficiency  was  29.5%  at  420  nm,  the  emission  wavelength  of  Eu2+:Srh.  This  resulted 
in  an  average  light  yield  of  about  21,000  ph/MeV  for  the  ceramic,  assuming  a  light 
collection  efficiency  of  70%.  The  light  yield  results  fall  short  of  the  reported  light 
yield  of  ~100,000  ph/MeV  for  single-crystals  [151].  This  may  in  part  be  due  to  the 
non-optimized  transparency  and  purity  of  the  ceramic  and  the  fact  that  the  surface 
polish  and  size  of  our  samples  do  not  compare  with  that  of  the  BGO  standard.  Pulse 
height  spectroscopy  on  a  thicker  (1.75mm]  segment  of  the  same  ceramic  sample 
yielded  no  photopeak,  suggesting  that  light  yield  is  significantly  degraded  due  to 
poor  light  propagation  in  the  sample.  Therefore,  improvements  in  optical 
transmission  should  improve  ceramic  scintillator  performance.  Scattered  light  will 
trace  out  a  longer  distance  and  will  therefore  be  attenuated  to  a  greater  extent  in  the 
presence  of  absorbers.  Absorption  may  be  caused  by  either  impurities  or  the  re¬ 
absorption  and  quenching  at  Eu2+.  In  a  completely  textured  and  fully-dense  ceramic, 
it  should  be  possible  to  obtain  nearly  single-crystal-like  optical  transmission. 
However,  even  with  a  50%  decrease  in  the  filling-factor,  i.e.,  increased  grain 
alignment,  the  optical  attenuation  coefficient  should  decrease  by  50%.  This  level  of 
optical  attenuation  will  also  allow  for  thicker  samples  that  absorb  radiation  more 
efficiently,  while  still  producing  observable  photopeaks.  As  these  ceramics  have 
been  shown  to  be  easily  textured  during  pressure  sintering,  it  may  be  possible  to 
reach  higher  levels  of  grain  orientation  by  pressing  under  higher  pressures,  while 
maintaining  the  moderate  temperatures  used  in  this  study. 

Pulse  height  spectra  were  obtained  by  exposing  the  ceramic  to  radiation  from 
241Am,  109Cd,  133Ba,  57Co,  22Na  and  137Cs  sources  for  one  hour.  At  energies  higher 
than  300  keV,  less  defined  photopeaks  were  produced  by  the  0.77mm-thick  sample 
due  to  insufficient  stopping  power.  Figure  85  shows  the  spectrum  obtained  with  an 
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241Am  source.  The  limited  thickness  of  the  sample  caused  the  large  escape-peak 
intensities. 


Channel 


Figure  85:  Pulse  height  spectrum  obtained  for  a  0.77mm-thick  Eu2+:Srl2  translucent  ceramic  exposed 
to  the  radiation  of  241Am.  The  full-absorption  Gaussian  peak  at  59  keV  was  accompanied  by  K-escape 
peaks  from  K  shell  transitions  in  both  strontium  and  iodine  (electron  binding  energies  of  16  and  29 
keV  respectively).  The  insert  shows  the  single  photoelectron  spectrum  used  to  calibrate  the  PMT 
used  in  this  experiment.  In  this  spectrum,  the  first  peak  on  the  left  arose  from  electronic  noise  (ADC 
pedestal),  and  the  broad  peak  to  its  right  resulted  from  the  overlap  of  single-,  2-,  3-,  4-  and  5-photons 
peaks. 


The  uncertainties  in  light  collection  efficiency  for  the  ceramic  prevent  a  good 
estimate  of  the  absolute  light  yields.  However,  because  the  ratio  r|BGo/r|sri2  is 
constant  in  this  series  of  experiments,  the  relative  light  yields  obtained  at  various  y- 
ray  energies  with  respect  to  that  obtained  at  661.7  keV  can  be  compared,  and  the 
evolution  of  the  ceramic  response  with  y-ray  energy  [Figure  86)  can  be  determined. 
The  number  of  photons  per  unit  energy  created  by  y-rays  in  the  scintillator  typically 
depends  on  the  y-ray  energy  and  is  lower — in  most  cases — in  the  energy  region 
below  100  keV  and  reaches  a  maximum  at  100-200  keV.  Eu:Srh,  however,  exhibits  a 
very  proportional  response,  and  the  result  here  on  a  ceramic  sample  confirms  a 
characteristic  already  observed  in  single-crystals  using  the  Compton-Coincidence 
Technique  [155]. 
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Figure  86:  y-ray  energy  response  of  a  0.77mm-thick  Eu2+:Srl2  translucent  ceramic.  Dotted  line  is  the 
response  of  the  single-crystal  from  [155]. 
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5.  Deliverables 


5.1.  DTRA  annual  reports 

Five  annual  reports  for  the  fiscal  years  ending  in  2007,  2008,  2009,  2010,  and  2011. 


5.2.  Refereed  journal  publications 

Stephen  R.  Podowitz,  Romain  Gaume,  and  Robert  S.  Feigelson,  “Effect  of  Europium 
Concentration  on  Densification  of  Transparent  Eu:Yz03  Scintillator  Ceramics  using 
Hot  Pressing.”/  Am  Ceram.  Soc.,  93  82-88  [2010). 

Stephen  R.  Podowitz,  Romain  M.  Gaume,  Wesley  T.  Hong,  Atlal  Laouar,  and  Robert  S. 
Feigelson.  "Fabrication  and  Properties  of  Translucent  Srh  and  Eu:Srh  Scintillator 
Ceramics."  IEEE  Trans.  Nucl.  Sci.,  57  3827  [2010). 

Romain  M.  Gaume  and  Lydia  M.  Joubert.  "Airtight  Container  for  the  Transfer  of 
Atmosphere  Sensitive  Materials  into  Vacuum  Operated  Characterization 
Instruments.”  Rev.  Sci.  Instrum.,  82[12]  123705  [2011). 

Stephen  R.  Podowitz.  Romain  M.  Gaume,  and  Robert  S.  Feigelson.  "Probing  Grain 
Boundaries  in  Ceramic  Scintillators  using  X-Ray  Radioluminescence  Microscopy."  / 
Appl.  Phys.,  111[1]  013520  [2012). 

Stephen  R.  Podowitz,  Stephen  M.  Hanrahan,  Edith  Bourret-Courchesne,  Nancy  C. 
Giles,  Romain  M.  Gaume,  Robert  S.  Feigelson.  "Effect  of  Grain  Boundaries  and 
Oxygen  Stoichiometry  on  Light  Yield  and  Charge  Carrier  Trapping  in  Eu:Yz03 
Transparent  Ceramics"  to  be  submitted  shortly  to  /  Appl.  Phys. 


5.3.  Inventions 

Patent  Disclosure:  R.  Gaume,  Airtight  container  for  the  transfer  of  atmosphere 
sensitive  materials  to  characterization  instruments.  Stanford  University  Ref  No.  10- 
327. 


5.4.  Theses 

Stephen  R.  Podowitz.  The  Effect  of  Grain  Boundaries  on  Scintillation  in  Rare-Earth 
Doped  Transparent  Ceramics.  Ph.D.  Dissertation,  Stanford  University,  Stanford,  CA 
[2011). 

Full  text  available  at  http://purl.stanford.edu/mc738ct2500. 
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5.5.  Presentations 


R.  M.  Gaume,  Invited  talk.  “Ceramic  Materials:  A  Promise  for  High-Power  Lasers  and 
Nuclear  Detectors."  Frontiers  in  Optics  [Optical  Society  of  America],  San  Jose  [Jan. 

2007) . 

S.  R.  Podowitz,  R.  M.  Gaume,  and  R.  S.  Feigelson.  "Effects  of  Processing  Parameters 
on  Transparency  and  Grain  Structure  of  Eu:  Y2O3  Scintillator  Ceramics.”  MRS  Fall 
Meeting,  Boston  [Nov.  2007). 

S.  R.  Podowitz,  R.  M.  Gaume,  and  R.  S.  Feigelson.  "Effect  of  Europium  Concentration 
on  Densification  of  Transparent  Eu:Y203  Scintillator  Ceramics."  4th  International 
Symposium  on  Transparent  Ceramics  for  Photonic  Applications,  Shanghai  [Nov. 

2008) . 

J.  Rabeau,  S.  R.  Podowitz,  R.  Gaume,  and  R.  S.  Feigelson.  "Fabrication  of  Transparent 
Ce:La2Hf207  by  Hot-Pressing  for  Scintillation  Applications.”  4th  International 
Symposium  on  Transparent  Ceramics  for  Photonic  Applications,  Shanghai  [Nov  2008). 

R.  Gaume,  Invited  talk.  "Control  of  Defects  in  Laser  and  Scintillator  Ceramics” 
Advances  in  Optical  Materials  [Optical  Society  of  America),  San  Jose  [Oct.  2009). 

S.  R.  Podowitz,  S.  Hanrahan,  E.  Bourret-Courchesne,  N.  Cherepy,  R.  M.  Gaume,  and  R. 
S.  Feigelson.  "Effect  of  Grain  Size  and  Processing  on  Light  Yield  of  Eu:Y203 
Transparent  Ceramics"  SORMA,  Ann  Arbor  [May  2010). 

S.  R.  Podowitz,  W.  T.  Hong,  A.  Laouar,  R.  M.  Gaume,  and  R.  S.  Feigelson.  "Fabrication 
and  Scintillation  Properties  of  Translucent  Eu:Srh  Ceramics”  SORMA,  Ann  Arbor 
[May  2010). 

R.  S.  Feigelson,  Invited  talk.  "Single  Crystals  versus  Transparent  Ceramics  for  Use  in 
Scintillation  Devices.”  International  Conference  on  the  Science  and  Technology  for 
Advanced  Ceramics  (STAC),  Yokohama,  Japan  [Jun.  2010). 

S.  R.  Podowitz,  N.  Haegel,  R.  M.  Gaume,  and  R.  S.  Feigelson.  "Micro-scale  Scintillation 
Characterization  Across  Grain  Boundaries  in  Eu:Y203  Transparent  Ceramics.” 
Stanford  Photonics  Research  Center  Annual  Symposium,  Stanford,  CA  [Sep.  2010). 

S.  R.  Podowitz,  R.  M.  Gaume,  and  R.  S.  Feigelson.  "X-ray  Radioluminescence 
Microscopy  for  Scintillation  Characterization  across  Boundaries  in  Transparent 
Ceramics"  MRS  Spring  Meeting,  San  Francisco  [Apr.  2011). 

R.  M.  Gaume  and  S.  R.  Podowitz,  Invited  talk.  "Effect  of  Grain  Boundaries  on 
Scintillation  in  Rare-Earth  Doped  Transparent  Ceramics.”  7th  International 
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Symposium  on  Transparent  Ceramics  for  Photonic  Applications,  Singapore  (Nov. 

2011). 
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6.  Personnel  Supported 

Dr.  Robert  S.  Feigelson,  PI 

Dr.  Stephen  R.  Podowitz,  Ph.D.  Graduate  Student 

Dr.  Romain  Gaume,  Research  Associate 

Ye  He,  Ph.D.  Graduate  Student 

Atlal  Laour,  M.S.  Visiting  Graduate  Student 

Jessica  Rabeau,  M.S.  Visiting  Graduate  Student 

Wesley  Hong,  Undergraduate  Student 

Clarissa  Gutierrez,  Undergraduate  Student 

Alice  Che,  Undergraduate  Student 

Ludwig  Galambos,  Engineering  Technician 


7.  Interactions/Transitions 

Consultative  and  Advisory  functions  to  other  laboratories,  etc. 

The  team  visited  on  separate  occasions  the  Lawrence  Livermore  and  Lawrence 
Berkeley  National  Laboratory,  where  technical  discussions  were  carried  out, 
research  results  reviewed  and  collaborative  studies  explored.  We  met  with  Drs. 
Nerine  Cherepy  and  Steve  Payne  at  Livermore  on  January  24  2007.  At  the  Berkeley 
National  Laboratories  we  met  with  Drs.  Edith  Bourret-Courchesne  and  Stephen 
Derenzo  on  January  18,  2007  where  we  reviewed  the  facilities  and  set-up 
procedures  for  getting  our  ceramic  samples  measured.  Since  then  we  have  been 
preparing  and  evaluating  ceramic  compositions  of  promising  new  scintillator 
materials  being  studied  at  LLNL  and  also  are  doing  extensive  characterization  of  our 
samples  at  the  UC  Berkeley  Laboratories.  We  also  collaborated  with  Prof.  Nancy 
Haegel  at  the  Naval  Postgraduate  School  on  the  cathodoluminescence  transport 
imaging  characterization  of  micro-scale  scintillation  in  Eu:Y2C>3  ceramics  and 
developed  XRLM  techniques  at  the  Stanford  Synchrotron  Radiation  Lightsource  in 
conjunction  with  Sam  Webb  for  the  same  purpose.  Confocal  fluorescence  and 
Raman  techniques  to  look  at  crystallinity  were  carried  out  in  the  laboratory  of  Prof. 
Mark  Brongersma  with  Ed  Bernard  at  Stanford’s  Materials  Science  Department. 
Thermoluminescence  studies  on  some  of  our  ceramic  samples  were  carried  out  at 
the  University  of  Tennessee-Knoxville  in  Prof.  Chuck  Melcher’s  laboratory  with  the 
assistance  of  Paul  Cutler,  and  electron  paramagnetic  resonance  studies  were  carried 
out  at  West  Virginia  University  in  the  lab  of  Nancy  Giles,  who  is  now  at  the  Air  Force 
Institute  of  Technology. 
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8.  Honors/A  wards 


On  May  1,  2008,  R.  Gaume  was  nominated  for  the  Stanford  Mentoring  Award.  The 
Stanford  Mentoring  Award  Program  aims  to  raise  awareness  of  the  importance  of 
quality  mentoring  and  recognize  faculty/senior  scientists  who  are  excellent 
mentors. 

Dr.  Stephen  Podowitz  won  the  student  poster  award  at  the  2008  annual  DTRA 
Grantee’s  Review  Conference  in  Washington  DC. 
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9.  Quad  Chart 


UNCLASSIFIED 

Control  of  Grain  Boundaries  and  Defects  in  Nano-Engineered 
Transparent  Scintillator  Ceramics  for  Radiological  and  Nuclear 
Detection  Materials 


Objectives/Hypothesis:  Defects  associated  with  grain  boundaries  (gbs)  may 
dominate  scintillator  performance  via  increased  trap  density.  Rare  earth  dopants 
will  serve  as  solid  state  sintering  aids  &  enhance  densification  and  scintillator 
performance. 

Researchers:  Robert  S.  Feigelson,  PI  w/  Students  S.  Podowitz, 

J.  Rabeau,  A.  Laouar  and  Research  Associate  R.  Gaume 

Status:  Significant  aspects  of  the  role  of  microstructure  and  defects  on  scintillator 
performance  have  been  identified.  New  microscale  scintillation  technique  used  to 
measure  properties  near  gbs  in  Eu:Y203  and  Ce:YAG. 

Accomplishments: 

Found  Eu  acts  as  both  an  activator  ion  and  sintering  aid  in  Y203.  Grain  boundary 
area  per  se  does  not  correlate  with  scintillator  light  output.  Oxygen  non¬ 
stoichiometry  controlling  parameter  for  performance  in  Y203,  with  minimal 
significance  of  gb  recombination  for  grain  sizes  >~20  pm.  Transparent  / 
translucent  YO,GLO,YAG,L/LuHO,B/SHO,Srl2  ceramics  fab'd. 


Description:  To  develop,  using  model  scintillator  materials,  a  relationship 

between  processing  parameters  and  defect  structure  in  transparent  ceramics. 
Establish  a  quantitative  relationship  between  the  ceramic  processing  variables, 
defect  structure  and  the  scintillation  performance  of  these  materials. 
Demonstrate  improved  scintillator  performance  through  control  of  ceramic 
microstructure  and  composition. 

Key  deliverables: 

Five  DTRA  annual  reports 

Paper  on  Densification  of  Eu:Y203  Ceramics  (J.  Am.  Cer.  Soc.) 

Paper  on  Properties  of  Eu:Srl2  Ceramics  (IEEE  TNS) 

Paper  on  Micro-Scale  Scintillation  Technique  (J.  Appl.  Phys.) 

Paper  on  Instrument  for  Transferring  Air-Sensitive  Samples  (Rev.  Sci.  Instrum.) 

Two  Manuscripts  in  Preparation  on  Eu:Y203  light  yield  and  RE:Y203  densification 
Eleven  presentations  (MRS,  SORMA,  Int'l  Transp.  Ceram.) 

Samples  available  for  collaborative  studies 

Funding  Profile: 

Current:  FY07:  $150K;  FY08:  $150K;  FY09:  $150K;  FY10-11  $315K 


Key  Milestones: 

FY07:  Determined  the  role  of  sintering  aids  on  densification,  transparency  and 
defects  on  light  yield  on  Eu:Y203. 

FY08:  Prepared  and  characterized  more  advanced  cubic  ceramic  systems,  i.e. 
Ba(Sr)Hf03,  La2Hf207,  Lu2Hf207. 

FY09:  First  translucent  ceramics  of  Eu:Srl2  prepared  and  optical  and  scintillation 
properties  measured.  Eu:Y203  studies  showed  that  air  annealing  effects  light 
yield  more  than  grain  boundary  defects.  Developed  technique  for  probing 
light  yield  on  the  microscale  using  focused  synchrotron  x-rays. 

FY10:  Identified  relationship  between  transparency,  grain  texture  and 
scintillation  in  Eu:Srl2  ceramics.  Identified  relationship  between  Ce:YAG 
cation  non-stoichiometry,  anti-site  defects  and  light  yield. 

FY11:  Measured  microscale  scintillation  in  Eu:Y203  and  Ce:YAG.  Developed 
charge  carrier  transport  model  to  extend  the  measured  effect  of  boundary 
on  scintillation  to  bulk  light  yield.  Measured  sintering  aid  effects  of  other 
rare-earth  dopants  in  Y203.  Sintered  transparent  ceramics  of  Eu:(Gd,Lu)203. 
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